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Abstract 
 
Growth and Characterization 
 of the Zintl-phase SrAl4 on LaAlO3 
 
 
Lukas Philipp Schlipf, M.A. 
The University of Texas at Austin, 2012 
 
Supervisor:  Alex Demkov 
 
We present an experimental study of thin films of SrAl4 on a LaAlO3 substrate, with 
special emphasis on the Zintl-Klemm-type properties of the thin films that we grow using 
molecular beam epitaxy. We quantify the orientation and stoichiometry of the films and 
the surface morphology using reflection high energy electron diffraction (RHEED), x-ray 
diffraction (XRD) and atomic force microscopy (AFM). Furthermore, we present 
measurements of electronic properties using x-ray photoelectron spectroscopy (XPS) and 
ultraviolet spectroscopy (UPS). We determine the core level shifts due to the chemical 
environment in SrAl4-films, which will underline the Zintl-Klemm character of the 
material. We measure the work function of (001)-oriented SrAl4. Additionally we analyze 
the electronic transport properties of the grown thin films including the resistivity, carrier 
density and mobility. 
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1. Introduction 
 
The realization of the transistor by Bardeen, Brattain and Shockley paved the way for 
modern electronics. Soon the original bipolar transistors, that consist of semiconductors 
of different doping (n-p-n or p-n-p), were replaced by so called MOSFETs (metal-oxide-
semiconductor field-effect transistor), where the conducting channel is screened by an 
insulating oxide. The advantage of these transistors is that they are much smaller and 
require less power for operation [1]. While in the beginning the native oxide SiO2 on 
silicon crystals was ideal for manufacturing of chips, the demand for decreasing size of 
transistors eventually brought the thickness of the SiO2-interface to a limit where 
tunneling currents were becoming a problem [2]. To extend Moore’s law and further 
reduce the size of electronic parts it is therefore necessary to find alternative gate-
dielectrics [3]. An important step in this sense was the realization of so called crystalline 
oxide on semiconductors (COS) by McKee et al. [4]. The group used an interface of 
SrSi2, a so called Zintl phase, as thin as one monolayer to grow epitaxial SrTiO3 on a 
silicon substrate. Typically Zintl phases, as we will also outline in chapter 2, exhibit both 
covalent and ionic character in bonding. An important fact also is that use of the silicide 
prevents formation of any silicon-oxide at the interface which allows for a precise control 
over oxide-thickness. Subsequently a few other perovskite oxides on semiconductors 
have been realized [5], [6] and the research in the field is still ongoing. 
Another field of interest, however, is it to grow epitaxial semiconductors on crystalline 
oxides, where a combination of both methods could open possibilities for building new 
devices [7]. While crystalline oxides on semiconductors can be grown with device 
quality, the results for semiconductors on oxides are usually poor and result in 3D growth 
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modes [8]. However there are also a few successful attempts reported for example using 
solid phase epitaxy and surfactants to grow germanium or silicon on (LaxY1-x)2O3 [9]. 
When performing crystal growth, especially in molecular beam epitaxy, we have to pay 
attention to the lattice mismatch and thermodynamics between the substrate and the film, 
if we want to achieve epitaxial growth. It is often favorable for example, that the film 
wets the substrate. This means it must be energetically more favorable for the film to 
spread and bury the substrate than to minimize the contact area by forming small islands 
on the surface. Hence we can deduce that it has to hold for the surface energies γ of the 
substrate the film and the interface [7]: 
γ
         
   γ
    
   γ
         
 (2.2.1) 
That implies also for example, that if material A wets material B, B does not need to wet 
A and we cannot “reverse” growth recipes of crystalline oxides on semiconductors (COS) 
to grow semiconductors on oxides. 
If we try to grow crystal structures that resemble themselves concerning the underlying 
bonding principle (for example semiconductor on semiconductor growth) the nature of 
bonding does not change across the interface. This will result in small values for the 
interface energy γinterface and the wetting condition will mainly be influenced by the 
surface energies of the film and the substrate which are usually similar. In this sense 
semiconductor/semiconductor growth processes will be mainly concerned with the lattice 
mismatch and are very well studied [10]. 
If we on the other hand, try to achieve wetting between a semiconductor and an oxide, we 
face another problem. The transition from ionic bound oxides, where electrostatic forces 
of electrons in atomic states are responsible for crystallization, to covalently bound 
semiconductors, where hybrid states are formed, results in high interface energy. In the 
case of SrTiO3 on Si for example the surface energy of Si amounts to ~1700 erg/cm
2
, 
 3 
while the surface energy of SrTiO3 varies between 800 erg/cm
2
 and 2000 erg/cm
2
 
depending on surface termination [11]. Thus if we want SrTiO3 to wet Si the interface 
energy must be lower than 900 erg/cm
2
 according to eq. (2.2.1). This low interface 
energy can be achieved by a SrSi2 Zintl-Klemm transition layer [4], [12]. The Zintl-
Klemm like template hereby addresses the ionic character of the oxide as well as the 
covalent nature of the semiconductor. In this sense Zintl-Klemm interfaces between an 
oxide and a semiconductor could in general be ideal candidates to ensure wetting [7], 
combining the different bonding types in their structures (see chapter 2). Recently a 
theoretical investigation has been published by Demkov et al. that addressed the role of 
this transition layer that exhibits the Zintl-Klemm-type bonding mechanism [7]. The 
authors suggest using this general concept to find two dimensional growth modes for 
other oxide/semiconductor devices. 
Following this general idea, in this thesis we investigate such a Zintl-Klemm type 
compound that we grow on an oxide, which could in turn possibly serve as a wetting 
template for a semiconductor. For this purpose we use molecular beam epitaxy (MBE) to 
epitaxially grow a thin layer of the Zintl phase SrAl4 on a LaAlO3 (LAO) substrate. The 
structure of the film will be determined using in situ reflection high energy electron 
diffraction (RHEED), ex situ x-ray diffraction (XRD), atomic force microscopy (AFM) 
and transmission electron microscopy (TEM). Since there have not been many reports on 
the strontium aluminide compound to the best of our knowledge, we will also conduct an 
experimental first-principle study of the electronic properties of SrAl4 including the work 
function, the electronic energy levels and transport features using x-ray photoelectron 
spectroscopy (XPS), ultraviolet photoelectron spectroscopy (UPS) and transport 
measurements in the van der Pauw geometry. Special emphasis will be put on the 
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chemical shifts of the strontium and aluminum core levels to underline the Zintl-Klemm 
character of the compound. 
This Thesis is organized as follows: Chapter 2 summarizes the history and current 
understanding of Zintl phases and presents structural and electronic properties of bulk 
SrAl4. Chapter 3 gives a short introduction in the theoretical background of the 
experimental techniques and a description of the instruments used by the author. In 
Chapter 4 we describe our studies on the SrAl4 film and present our results. Finally we 
will summarize our findings in Chapter 5. 
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2. Zintl phases: a transition between metallic, covalent and ionic 
bonding. 
 
In this chapter we quantify the term Zintl phase and specify the Zintl-Klemm type 
compound that we investigate in this thesis. 
 
 
2.1. HISTORY AND CURRENT UNDERSTANDING 
 
In principle, the formation of a solid phase occurs as a result of the laws of quantum 
mechanics. As it is commonly known, however, there are certain different bonding 
principles that govern the formation of condensed matter [13]. 
The so-called covalent bonding can be explained through the overlap of the atomic wave 
functions, which form bonding and anti-bonding states that are subsequently filled with 
electrons. The system energy is minimized when the number of electrons corresponds to 
the number of bonding states, and due to the small spatial overlap of the atomic orbitals 
the electron density is high between the positions of the nuclei. Covalent bonding 
therefore has a directional character and a typical example is the sp
3
 hybridization. 
Metallic bonding exhibits atomic wave functions with a high spatial overlap, and 
therefore the valence electrons are highly delocalized and there is no directional character 
observed. Instead the electrons form a “gas” which is highly mobile in the crystal. Lastly, 
ionic bonding can be understood in terms of electrostatics. Elements with a large 
difference in electronegativity transfer their valence electrons and form anions and 
cations, which attract each other until they reach the regime of Pauli-repulsion forces. 
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The limits of all these bonding types are however not absolute and it is possible, for 
example to have a certain amount of ionic, metallic or covalent bonding simultaneously 
in certain compounds. 
 
 
Figure 1: Double diamond crystal structure of NaTl (blue: Na, green: Tl). The covalent 
bonding between the Tl
-
 pseudoatoms is indicated by yellow lines. 
Because one can derive many properties of the solid state through the underlying bonding 
type, materials and their compositions and bonding nature in solid states, have been and 
still are a region of interest for research. This inspired German chemist Eduard Zintl in 
the year 1929 to study the wide field of intermetallic phases (solid phases that contain 
two or more metallic elements and optionally non-metallic components) [14]. He was 
especially interested in the transition area between ionic compounds and metallic phases 
and began studying the compounds of alkali metals or alkaline earth metals with group 
13-17 elements [15]. In addition to the huge contribution to experimental methods such 
as the synthesis and structural analysis of materials, Zintl discovered compounds that had 
not been observed at the time and showed unusual structures and behavior. Although he 
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studied intermetallics some materials were exhibiting salt like properties such as a higher 
melting point than any of the component elements, poor conductivities and greater 
brittleness. In particular he discovered structures, for example NaTl (see Figure 1), for 
which typical electron counting rules applicable to salts would not apply anymore and so 
a new concept had to be introduced. 
Zintl proposed that in these materials, the construction of the crystal structure was 
governed by the main group metals with the alkali or alkaline earth elements occupying 
the holes in the frameworks. This theory was supported by the fact that the lattice 
constants in these compounds were to first order independent of the alkali or alkaline 
earth metal used. Zintl was also investigating which elements were forming anions with 
group 1 or group 2 elements (Zintl hereby introduced the term polyanion). For the NaTl-
structure he found that the electropositive atoms (group 1 and group 2) exhibited a 
volume contraction and therefore had to undergo some kind of electron transfer. He 
concluded that the electropositive metals were donating electrons to the main group 
metals, which were subsequently behaving as pseudoatoms (atoms with equal valence 
electron configuration) and determining the structure of the compound. In this sense NaTl 
can be formulated as Na
+
Tl
-
, with the Tl
-
 atoms behaving as group 14 elements and 
forming sp3 bonds resulting in the typical diamond structure. The Na
+
 atoms, which 
occupy less space due to electron transfer, just fill up the holes in this lattice. After the 
death of Zintl in 1941, F. Laves proposed to call those materials Zintl phases and set up 
the following rules [14]: 
 Zintl phases crystallize in “nonmetallic”, typical salt-like structures. 
 Zintl phases are always those phases of the relevant alloy system, which include 
the greatest amount of electropositive metals. 
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These rules (especially the second one), however, soon proved to be unsatisfactory and 
subsequently numerous attempts were made to redefine the concept of the Zintl phases. 
An important contribution to the development of the theory was made by W. Klemm and 
E. Busmann in 1963 [16]. They stated: “In Zintl's idea the formally negatively charged 
atoms that possess the same electron number as the neutral atoms of the nearest group 
elements, form polyanions with similar structures to the corresponding elements”. Thus 
he was extending the concept to structures beyond the NaTl-type and this concept was 
subsequently sometimes referred to as the “Zintl-Klemm-Busmann”-concept. 
Many people were recognizing the predictive power of this idea and another important 
refinement of the Zintl phase concept was made by W. Schaefer, H. Eisenmann and B. 
Mueller when they were studying many compounds of the alkali/alkaline earth metals 
with the electronegative metals, metametals and semimetals of group 13-15 in 1973 [17]. 
The authors prepared the materials by fusing the elements together under an inert gas, 
direct reduction, solution and subsequent distillation in mercury or preparation in liquid 
ammonia, as used by E. Zintl. Through determination of the properties of those 
compounds, the authors were trying to obtain a new definition of Zintl phases, and a 
special focus was placed on the properties that could describe the underlying bonding in 
the materials, to show the coexistence of ionic bonding and intermetallic phase. The 
amount of ionic bonding can be indicated by the heat of formation, melting points, 
volume contraction on formation (especially a volume contraction of the alkali and 
alkaline earth elements would be an indication of a Zintl phase) and x-ray spectroscopy 
measurements. Due to the lack of information gathered on the specific materials in these 
areas, the authors were using x-ray crystal structure determination to investigate the 
compounds. The combination of group 1 and 2 elements with group 15 elements and 
some elements of group 14 reveals structures typical for salts and a high amount of ionic 
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bonding, namely structures that have completely “isolated” group 15 atoms (meaning 
they only have nearest neighbors that are other kinds of atoms), fulfilling the conditions 
for maximally uniform charge distribution within the crystal. On the other hand the 
structures exhibited by the compounds of group 1 and 2 elements with some elements of 
group 13-15 are partial lattices which are observed for single crystalline group 13-15 
elements (table in [17]). 
Most of these structures are impressively explained by the Zintl-Klemm-Bussmann-
concept. The alkali or alkaline earth metals transfer electrons to the more noble 
components of the alloy which form a partial lattice corresponding to their resulting outer 
electron-shell configuration. However, there are structures in [17] that cannot be 
explained through this concept. The alloys in the CrB-structure for example show planar 
zig-zag chains typical for group 14 chains, whereas they should be in a helical structure 
typical for group 16 lattices. In spite of that the (8-N)-rule is maintained though, stating 
that elements of a main group N will show structures that allow 8-N nearest neighbors. 
This led the authors to the conclusion that the relation of pseudoatom lattices for Zintl 
phases should be omitted and instead the more general definition that elements have to 
obey the (8-N)-rule to be Zintl phases has to be used. Even compounds with non-integral 
charges on the anions can be related to the next integral charge number. However 
compounds were found by the authors that could not be explained through the extended 
Zintl-Klemm-Busmann-concept proposed by Schaefer et al. [17]. These structures either 
have an extreme stoichiometry, which means they have siginificantly more elements of 
one type than the other, or they exhibit just a slight difference in electronegativity. This 
means that a transfer of electrons is very unlikely and explains why the extended Zintl-
Busmann-Klemm-concept is not applicable. Finally, it was clear that it is more 
convenient to “apply the term Zintl phases to intermetallic compounds which display a 
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pronounced heteropolar bonding contribution and in agreement with an ionic formulation 
in their anion partial lattices that obey the (8-N)-rule” [17]. One should keep in mind that 
apart from the ionic bonding, in Zintl phases covalent bonding plays an important role 
(anionic partial lattice), which manifests in the validity of the (8-N)-rule! 
As the research progressed, to separate Zintl phases from intermetallics and insulators 
there were three criteria defined for Zintl phases [18]: 
 A well-defined relationship exists between their chemical (lattice) and electronic 
configuration. This is often referred to as satisfying electron counting rules (8-N-
rule). 
 They are semiconductors (sometimes one finds the requirement Egap < 2eV), or, at 
least, show increasing electrical conductivities with increasing temperature. 
 They are mostly diamagnetic and if paramagnetic they don't show temperature 
dependent (Pauli-) paramagnetism. 
All these criteria imply that Zintl phases have narrow homogeneity widths and electronic 
structure calculations show that for many Zintl phases the bonding states are fully 
occupied and separated from the empty, anti-bonding states (band gap), which however 
does not necessarily be true. 
To the current date the idea of Zintl phases as a transition between bonding types has 
remained and has been verified multiple times. In Figure 2, the sum of configuration 
energies is used as the x-axis and the difference in their configuration energies as y-axis. 
This gives a separation of the regions of covalent, ionic and metallic bonding. As one can 
see the Zintl phases referenced in the graph lie between all bonding types and combine 
them. 
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Figure 2: Graph of the amount of the type of bonding in certain compounds [19]. The red 
blue and yellow circles correspond to different types of compounds obeying 
the Zintl-Klemm-Busmann concept. It is clearly visible that Zintl phases 
combine different types of bonding. 
Current progress of the Zintl-Klemm formalism focuses especially on the role of the 
cations [19]. It is obvious that the use of a certain cation is crucial for the formation of a 
certain kind of structure. This can be seen in the difference in the Zintl-phases Li(Al, Ga, 
In), which all crystallize in the NaTl-structure, LiTl, which adopts the CsCl-structure and 
KTl, wich has no structure typical for a tetrel element and forms distorted octahedra 
[Tl6]
6-
 (see Figure 3). In the pseudoatom concept all binary compound should have the 
same structure. The difference can be explained by the over-simplification of the cations 
as mere electron donors, which again supports the use of the extended Zintl-Klemm-
concept that only addresses counting rules. 
However the difference in the structures cannot be explained by only considering 
covalent bonding, which is the essential part of the extended Zintl-Klemm-concept, 
where the cations do not contribute to any kind of bonding. One always has to consider 
the ionic and covalent bonding in Zintl phases. 
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Figure 3: Difference in the Zintl-phases Li(Al, Ga, In) (NaTl-structure), LiTl (CsCl-
structure) and KTl (no tetrel-like structure) [19]. 
In fact, recent studies have shown, that the metallic bonding part also plays an important 
role [19], [20], [21]. Looking at the density of states of NaTl, the “classic” Zintl phase, 
one finds that near the Fermi level, the major contribution of the states arises from 6s and 
6p orbitals of the Tl atoms. However, a significant contribution is also made by the Na-
orbitals (see Figure 4), which proves the purely ionic picture to be wrong, in which the 
atomic orbitals of the Na atoms should not interact at all. This shows that although the 
beauty and simplicity of the Zintl-Klemm-concept lies in the observation of covalent 
bonding, one cannot forget about ionic and metallic bonding when examining 
composition-structure relations in Zintl phases. 
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Figure 4: DOS and COHP of NaTl [19]. 
To emphasize this statement one can for example consider the binary compounds LiX, 
where X = Al, Ga, In, Tl (see above). G.J. Miller et al. found that in these compounds a 
NaTl-structure is favored by covalent bonding and the CsCl-structure is favored by ionic 
and metallic bonding [19]. These results can be obtained by VASP (Vienna Ab initio 
Simulation Package) calculation of the energy and separating it in Mandelung 
(electrostatic) terms and electronic (band-) terms. The covalent interaction decreases as 
we move from LiAl to LiTl and eventually the ionic and metallic bonding outweighs the 
covalent type in LiTl, which exhibits the CsCl-structure. This competition of the bonding 
types can be found in many Zintl phases (see for example [19] or [20]). 
Although the Zintl-Klemm-concept is able to predict structures and properties of specific 
intermetallics, there are examples where it fails to explain certain phenomena, due to its 
simplicity. This shows us that it may still need further refinement and one sometimes has 
to be careful when, using the predictive power of this theory. In particular, recent studies 
have shown, that every possible type of bonding has to be considered, when one wants to 
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fully understand every evolving structure, which clearly indicates that the purely covalent 
view of the Zintl-Klemm concept sometimes is not sufficient. 
In this thesis, we want to exploit the above mentioned combination of ionic and covalent 
bonding, to investigate a compound that could possibly enable the combination solids of 
different underlying bonding mechanisms. 
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2.2. SRAL4: A ZINTL PHASE 
 
In the strontium-aluminum alloy system, there exist three different intermetallic 
compounds, namely SrAl4, SrAl2 and Sr7Al8 (which was referred to as SrAl or Sr2Al3 for 
a long time) [22], [23]. When examining the phase diagram of the system (Figure 5), one 
finds an increased melting temperature for the aluminum-rich compounds, which can be 
an indication for a Zintl phase, as mentioned above. In particular one can identify the 
compositions SrAl2 and SrAl4 as Zintl phases, following the definitions given above. 
A study by Demkov et al. [7] suggests that a possible interface between SrTiO3 (STO) 
and GaAs is SrAl2 and there is also a recent first principle density functional theory 
(DFT) study on the properties of SrAl2 that gives the same suggestions [24]. However, 
we have so far been unable to synthesize this particular compound on an oxide substrate, 
as we will show in chapter 4 and instead we focus on SrAl4. 
 
 
Figure 5: Phase diagram of the Sr-Al system, taken from ASM Alloy Phase Diagrams 
Center based on [22]. 
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Not much has been published about SrAl4 besides the crystallographic data [25]. Only 
very recently has there been some interest in Mg-Sr-Al alloys containing SrAl4 for use in 
the transportation industry [26]. Motivated by this Zhou et al. published a first principle 
DFT study calculating the electronic structure and mechanical properties of SrAl4 [27]. 
The conventional unit cell of SrAl4 is shown in Figure 6. The compound has a tetragonal 
structure with the space group I4/mmm and the experimental lattice constants are found 
to be a = b = 4.461 Å, c = 11.209 Å [25]. The unit cell consists of two Sr atoms and eight 
aluminum atoms. 
We can distinguish two types of aluminum atoms in the unit cell. Aluminum type 1 at the 
Wyckoff 4d site has four nearest neighbors, all of aluminum type 1. Aluminum type 2 at 
the Wyckoff 4e site has five nearest neighbors, four of aluminum type 1 and one 
aluminum type 2 (Figure 6). 
It is worth noting that type 1 aluminum shows the tetrahedral orientation that is typical 
for group IV semiconductors such as silicon, with bond angles close to 109.5°. This can 
be an indication of a sp
3
-hybridization of orbitals that is also typical for semiconductors 
with four valence electrons. Hence, it is possible that aluminum, being a group III 
element with three valence electrons received an electron from strontium. In this 
simplified point of view, SrAl4 would behave according to the Zintl-Klemm concept. 
Strontium donates electrons to aluminum which in turn behaves as an atom with four 
valence electrons and assumes a structure typical for these elements. Since Sr only has 
two valence electrons while there are four aluminum atoms, we can identify a second 
type of aluminum that may not receive electrons and therefore behave differently. 
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Figure 6: Structure of the conventional unit cell of SrAl4 (green = Strontium, pink = 
Aluminum). The nearest neighbors of Al are indicated and we can 
distinguish Al in two different environments. 
Thus, the layered structure of SrAl4, which is likely to exhibit both covalent bonds 
(tetragonal aluminum type 1) and ionic bonding character (charge transfer) could be an 
ideal candidate for an oxide-semiconductor wetting interface. A method to examine the 
charge transfer is to analyze the core level shifts using XPS as discussed in chapter 4. 
Additionally, we calculated the electronic structure of SrAl4 (courtesy of Alexander 
Slepko, study soon to be published). Using the plane wave code VASP along with PAW 
pseudo-potentials, we calculated the electronic density of states (DOS), surface energies 
and work functions of SrAl4. The electronic density of states is shown in Figure 7, and we 
find that Al 3p and 3s states as well as Sr 5s and 4d states are responsible for the DOS 
near the Fermi edge. 
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Figure 7: The orbital and atom decomposed electronic density of states of SrAl4. Sr 4s 
and 4p states appear at -35 eV and -18 eV respectively. The Fermi level is at 
0 eV. 
 
 
Figure 8: (001) SrAl4 surface models with the calculated work functions. 
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For the surface energy and the work function we calculate values for a (001)-oriented 
SrAl4 slab since this is the experimentally realized orientation (chapter 4). The values of 
both properties are found to be strongly dependent on the surface termination as shown in 
Figure 8. The surface energy σ ranges between 200 erg/cm2 for Sr-terminated surfaces 
and 1800 erg/cm
2
 for Al-terminated surfaces. The work function φ varies between 4.69 
eV for Al-terminated surfaces and 2.33 eV for Sr-terminated surfaces. 
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3. Experimental techniques 
 
In this chapter we will present all performed experimental procedures relevant for growth 
and characterization of a thin film on a substrate in this thesis. We will outline the 
relevant backgrounds needed to understand and conduct each experiment. Crystal growth 
was achieved by molecular beam epitaxy (MBE) and subsequently we characterized the 
grown films by reflection high energy electron reflection (RHEED), x-ray diffraction 
(XRD), x-ray photoelectron spectroscopy (XPS), atomic force microscopy (AFM) and 
lastly measure transport properties of the grown thin film. 
 
 
3.1. MOLECULAR BEAM EPITAXY (MBE) 
 
Invented in the 1960s and 1970s at the AT&T Bell Laboratories by A. Cho and J. Arthur 
[28], Molecular Beam Epitaxy (MBE) is a technique for epitaxial growth of crystals on a 
substrate that allows for control of the growth process in the sub-monolayer regime. MBE 
hereby belongs to a class of growth techniques that rely on the crystallization of 
molecular or atomic beams on a substrate in an ultra-high vacuum (UHV) environment 
[29]. The arrival rate of molecules or atoms at the surface from heated sources is typically 
low enough that the elevated temperature of the substrate allows the film constituents to 
migrate to the respective lattice sites. Furthermore the beams of evaporated materials can 
be interrupted by mechanical shutters to allow for control of composition alongside with 
the temperature of the sources in an MBE system. Key features that make MBE the 
method of choice for many fields in solid state sciences is the ability to control the 
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growth process “atom by atom” (at least in one dimension) and the in situ 
characterization during the growth process [29]. 
 
 
Figure 9: Alfred Y. Cho, known as the “father of molecular beam epitaxy”, with his MBE 
apparatus [30]. 
Since the beginning of solid state physics it has been obvious that controlling the 
“nanostructure” of a crystal means affecting its macroscopic properties [13].What could 
be described theoretically after the development of quantum mechanics often imposed a 
problem for experimentalists, since designing structures on the scale of nanometers is not 
an easy task. Huge progress in this field was made with the invention of the transistor and 
the successive need for perfect and pure semiconductor crystals [31]. A first step was 
taken in 1968 by J. Arthur as he grew an epitaxial film of GaAs by directing molecular 
beams on a GaAs-substrate in UHV, while initially studying the energy of adsorption 
[32]. Already one year later A. Cho demonstrated through the incorporation of high 
energy electron diffraction in a MBE system, that this technique was able to produce 
atomically flat surfaces [33]. The field of molecular beam epitaxy advanced with the 
incorporation of crystal-doping [34], successful growth of GaAs-AlxGa1-xAs laser 
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structures [35] and realization of quantum wells [36] all within 5 years. With the 
discovery of high Tc superconductors in the late 80’s, which have a layered perovskite 
structure [37], so called oxide MBE systems gained more attention. The main differences 
to a usual system are the ability to introduce oxygen and the use of materials that are 
oxygen resistant even while heated. MBE has remained an important research tool and is 
nowadays one of the most important growth techniques for epitaxial thin films. 
The setup of an MBE system depends somewhat on the type of films that are produced in 
it and their applications. For the growth of samples presented in this thesis we used a 
customized M600 oxide MBE system manufactured by DCA instruments [38] that is 
presented schematically in Figure 10. Key components for epitaxial growth are the 
cryogenic pump that maintains the UHV in the growth chamber, the sample manipulator, 
equipped with a resistive heater, the effusion cells that introduce the molecular beams 
with shutters in front of them, the crystal monitor to determine beam-fluxes and the 
reflection high energy electron diffraction (RHEED) system (chapter 3.2.2) for 
monitoring the growth process. The walls of the chamber are cooled by a cryopanel to 
limit contamination of the evaporated material. Another cryopanel is mounted right above 
the sources. Furthermore there are alternative sources to introduce materials on the 
substrate, namely the electron beam evaporation source and the atomic oxygen plasma 
source, which is unique to the oxide MBE. In addition to the above components the 
system is connected to a vacuum buffer line that is kept at a base pressure of 
approximately     -  Torr by two ion pumps. The buffer line is furthermore connected to 
an x-ray photoelectron spectroscopy system for in situ photoelectron spectroscopy 
(chapter 3.4) and a load lock for sample loading into and from the UHV. The sample 
transport in the whole system is done through magnetically-coupled transfer and 
manipulation devices. 
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Figure 10: Schematic setup of the used MBE system. All components are attached to the 
chamber and the inert UHV. 
To start the growth process beams of atoms or molecules are produced in the effusion 
cells. In principle, the goal is to generate a beam of high purity that is stable in flux and 
has a uniform intensity. In modern MBE systems a variety of methods are used to achieve 
this goal depending on the source of material. The simplest setup is a so called Knudsen 
cell [39] that relies on the heating of the material via the radiation from a resistive heater 
that is attached to an inert crucible that contains the element of high purity (Figure 11). 
The crucible is typically made of pyrolytic boron nitride, since this material is un-reactive 
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to a wide range of source materials [31]. However, there are also elements that require a 
different material due to high evaporation temperatures or considerable reactions with the 
crucible walls [40]. An example of this would be the titanium effusion cell incorporated 
in our system where the titanium is contained in a crucible of a titanium-carbon alloy. 
 
 
Figure 11: Schematic of a resistive heated Knudsen evaporation cell [41]. 
The flux φ of molecules or atoms reaching the substrate per second coming out of such a 
cell can be easily calculated, if substrate and cell are in line at a distance l from one 
another. Knowing the orifice area A, the temperature T, the molecular weight M and the 
vapor pressure p of the crucible material we find [41]: 
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        (3.1.1) 
The precise control of the temperature in the crucible via feedback from a thermocouple 
(Figure 11) thus gives control over the flux of the beam and in current systems the beam 
flux can be adjusted within     [29]. Another issue however is the angular dependence 
of the flux from a Knudsen cell. It has been established that the angular distribution 
behaves according to a cosine law [42]. This of course imposes problems for the 
uniformity in thickness of the growing film. This is the reason why the substrate is often 
small (           ) and the sample holder is rotated. 
Furthermore we can see in Figure 11 that the cell is shielded by a cooling mechanism. 
This is necessary to prevent deformation of the crucible and heat influence from adjacent 
cells. Shutter blades made of molybdenum can be inserted in the beam and block the flux 
allowing one to grow layered structures. The movement of these shutters happens 
pneumatically. 
There exist a few modifications of the resistively heated Knudsen cell for example the so 
called cracker cell that has to be used if the evaporated molecules from the solid are too 
large and need to be further reduced through the application of thermal energy (As or P 
cells [41]). Furthermore it may sometimes be favorable to use a cell that heats the source 
material through a laser beam or an electron beam. Through beam focusing we are able to 
spatially limit the heated area of the evaporant. At the same time this technique greatly 
increases the response time of the flux to the heating beam [43]. Our system possesses an 
electron beam gun with interchangeable source materials (Figure 10). Also incorporated 
in the system are gas sources for oxygen and nitrogen. These sources have a less 
directional character as evaporation sources, meaning the chamber is more or less filled 
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with a gas. The gases can also be ignited into a plasma to produce the oxygen and 
nitrogen in atomic form which can be subsequently introduced into the chamber. 
A critical parameter for epitaxial growth in an MBE system is the grade of the vacuum. 
On the one hand we need to ensure that the perturbation of the molecular beams on their 
way from effusion cells to the substrate is low. A quantitative statement for this is that the 
mean free path L of the molecules, the average distance between successive collisions, 
needs to be larger than the cell-substrate distance [29]. To show what kind of vacuum is 
needed to neglect degrading of the molecular beam we can calculate the mean free path 
using the model of an ideal gas [44]. If we assume that the beam and the gas in the 
chamber form a mixture we can use [45]: 
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(3.1.2) 
where nb/g, db/g and vb/g are the particle-density, the diameter and the velocity of particles 
in the beam and the gas. Regarding the difference in temperatures of the sources, which 
can range from 400°C up to 1800°C for suitable fluxes and the residual gas (room 
temperature) we can approximate the quotient of speeds in (3.1.2) to be zero. Together 
with the ideal gas law (3.1.3) becomes: 
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Where kB = 1.381 10
-23
 J/K is the Boltzmann constant [44], pg is the pressure of the 
residual gas and Tg its temperature. Let us consider the molecular beam of an aluminum 
Knudsen effusion cell in our system. Typical densities of a molecular beam of aluminum 
in a distance of 15 cm from the source with a source temperature of 1030°C and an 
orifice area of 5 cm
2
 lie around nb = 3.0   
14
 m
-3
 (3.1.1), the cell-substrate distance in our 
system is approximately L = 0.5 m, the atomic diameter of aluminum is db = 2.0 Å [46] 
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and the atomic diameter of the residual gas can be approximated to dg = 3.7 Å [45]. 
Hence we calculate the maximum pressure the residual gas can have without disturbing 
the molecular beam to pg,max = 2.0 10
-3
 Torr. It is evident that this cannot be the reason 
that molecular beam epitaxy is carried out in a UHV, which means pressures below 10
-9
 
Torr [29]. On the other hand the residual gas also causes impurities in the growing film. 
We can assume that a reasonable level of impurities that guarantees epitaxial growth lies 
below one monolayer of contaminants on the substrate surface for 10
5
 deposited 
monolayers of the epitaxial grown film. Calculating for example the pressure of residual 
nitrogen molecules that still ensure this condition one finds that the residual pressure 
needs to be lower than pN2,max = 1.3 10
-11
 Torr [29]. The background pressure achieved in 
MBE systems usually is below 10
-9
 Torr [31]. Since the sticking coefficient of the 
residual gas that consists mainly of carbon, hydrogen, oxygen and nitrogen is less than 
one, epitaxial growth procedures still are successful. In the system that is used for this 
thesis the background pressure usually is around 2·10
-10
 Torr which is maintained by a 
cryopump shown in Figure 10. Within the cryopump a helium cooled titanium plate traps 
molecules of the residual gas and maintains the UHV in the chamber. 
Finally the beam reaches the surface of the substrate, which is mounted on the sample 
holder shown in Figure 10. The processes that occur on the surface of a substrate during 
MBE growth are illustrated in Figure 12. The impinging atoms or molecules are adsorbed 
on the surface due to van der Waals or chemical (orbital overlap) forces where they are 
subject to surface diffusion since the substrate is kept at an elevated temperature. 
Molecules can be dissociated during this process. Subsequently the atoms either are 
incorporated on a site where they can assume a state of lower energy or desorb into the 
UHV environment where they will eventually nucleate at the wall of the MBE chamber 
[29]. Additionally, the film constituents also can diffuse into the bulk. One requirement 
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for a layered growth process is that the bulk diffusion coefficient is much smaller than the 
surface diffusion coefficient, which determines a temperature window for growth 
processes [40]. 
 
Figure 12: Illustration of surface processes on a substrate during MBE growth [29]. 
Epitaxial growth of a film on the substrate can occur when atoms diffuse to a surface step 
and subsequently more and more atoms attach to form a flat film. Furthermore it is also 
possible that atoms nucleate on the surface to form islands leading to a much higher 
roughness of the grown film. Consequently, we generally distinguish between three 
different growth modes. The Frank-van der Merwe mode characterizes layer by layer 
growth. This means that the atoms form one layer at a time and the surface stays in 
principle atomically flat. The Volmer-Weber mode identifies atoms nucleating into 
islands on the surface and there is no complete wetting present. This type of growth 
process is typical for metals growing on insulators and the surface has a high roughness. 
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Lastly a mixture of both growth modes, layers with islands, is called Stranski-Krastanov 
mode. Which growth mode occurs is governed by thermodynamics, as we already 
mentioned in the introduction. This phenomenon is generally called wetting, which is the 
ability of film material to bury the substrate and is quantified through the contact angle 
between the substrate and the film. One finds that the condition for wetting is 
characterized by the surface energies of the substrate γsubstrate, the interface γinterface and the 
film γfilm [24]: 
γ
         
   γ
    
   γ
         
 (3.1.4) 
That implies, as mentioned in the introduction, that if material A wets material B, B does 
not need to wet A and we cannot simply “reverse” growth recipes. 
Another parameter that helps the experimentalist control the growth process is the rate of 
growth. The speed at which a monolayer is formed on the substrate surface is dependent 
on the flux, which can be determined as described above if the sticking coefficient is 
known, which is in general difficult to calculate. To determine the rate of growth, there is 
a quartyz crystal monitor incorporated in our system (Figure 10). We introduce a 
piezoelectric crystal to the beam of a source and measure the frequency shift of the 
oscillating crystal. Knowing the density of the beam material we can relate the frequency 
shift to a mass which we can subsequently relate to a thickness. Since we do not know in 
which structure the beam material solidifies on the piezoelectric crystal we approximate 
all materials uniformly occupying the surface structure of silicon and maintaining their 
density forming layers of appropriate thickness. Hence we calibrate all the sources to 
form one monolayer per minute. Aluminum for example has a density of ρAl     7   
3
 
kg/m
3
 and an atomic weight of mAl = 26.981 u [44]. Thus in the silicon lattice with a 
lattice constant of aSi = 5.43 Å [13] we would calibrate silicon to yield a thickness of: 
〈 〉         ρ     
 ⁄                  (3.1.5) 
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It is less important that the calibrated thickness might not be consistent with the actual 
thickness of grown films but rather it is more important that all sources are calibrated to 
have fluxes in a determined ratio. 
Lastly our system is equipped with a mass spectrometer to identify possible leaks in the 
chamber and monitor the residual gases in the system and a RHEED system which is 
described in chapter 3.2.2. 
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3.2. DIFFRACTION IN SOLIDS 
 
Diffraction, effects that occur when a wave is perturbed, incorporates a lot of information 
about the properties of the matter that is interacting with the wave. Especially in solids, 
where we are facing a periodic arrangement of atoms, diffraction experiments are able to 
identify many features of the material that cannot be uncovered by other experiments 
[13]. Whenever we direct a wave on a solid, while the wave has a wavelength 
comparable to the structure, scattering processes will produce a set of diffracted beams 
that depend on the crystal and its properties. 
Let us consider a solid, or to be more precise an arrangement of atoms,  
 ⃗⃗                            ⃗   (3.2.1) 
where   ⃗ 
 
  is a basis and { ∑     
 
    |        is a Bravais lattice. In the experiments 
described in this work the condition that the source of the wave is sufficiently far away 
from this arrangement of atoms is always met, so that we can consider a plane wave 
reaching the solid. Furthermore, we assume that processes of higher order are not 
important in a first approximation, meaning we are omitting multiple scattering. This 
approximation does not always have to be true in the conducted experiments, for example 
for electrons of low energy [13]. However, this will only add additional features to the 
observed pictures and not change the following conclusions. The incoming wave with a 
wave vector  ⃗  has the amplitude: 
         
   ⃗   (3.2.2) 
where we disregard time dependency. Since we are not interested in the actual interaction 
and thus consider the wave at large distances    from the scattering event we can just 
assume that the scattered wave can be described by a spherical one, making the scattered 
amplitude of the atom at  ⃗⃗       
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 (3.2.3) 
and we assumed elastic scattering (| ⃗  | | ⃗ |  ). If we note that the detector is far away 
from the atom (            ) we can rewrite  
            ( )      (Figure 13) and we can 
finally write the scattered wave as: 
  ( )      
    ⃗   ⃗    ⃗⃗      
     
 
 (3.2.4) 
 
 
Figure 13: A plane wave with the wave vector  ⃗  is scattered at atoms (black dots) and 
observed at position   (from the origin of the coordinate system) or    (from 
the atom at  ⃗⃗  ). It is already indicated in the graph that we can approximate 
  and    to be parallel for distances       ⃗⃗   . 
Since we now obtained the amplitude that one atom is contributing at the position   , we 
have to sum over all lattice positions to obtain the full amplitude at this point and square 
for the scattered Intensity IS [47]: 
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(3.2.5) 
where  
  ⃗ - ⃗    is called structure factor [13] and is only dependent on the basis. 
If we want to find the wave vectors for which the scattered intensity has a maximum, the 
evaluation of the sum in equation (3.2.5) yields that it has to hold: 
   ( ⃗
   ⃗  ) ⃗⃗ { }          ⃗⃗ { } (3.2.6) 
This equals the definition of the reciprocal lattice of a crystal and therefore the wave 
vectors have to fulfill the condition: 
 ⃗     ⃗     ⃗⃗  (3.2.7) 
where  ⃗⃗  is a vector of the reciprocal lattice. 
Equation (3.2.7) is often referred to as Laue condition and we can deduce that if we 
visualize the diffraction pattern of some wave with a fixed incident beam from a solid, 
what we will see is in a first approximation the reciprocal lattice of that crystal. There 
will be a lot more information contained in diffraction patterns since the model used here 
is too simple to match reality, meaning the diffraction pictures obtained from experiments 
will show features that are owed to multiple scattering, spectral width of the beam, 
inelastic scattering and so on. However for the experiments described in this thesis our 
focus mainly is the determination of the reciprocal lattice and that is why we do not 
examine effects of higher order, which is referred to as kinematic approximation. 
Connected to the Laue condition for diffraction is the Ewald construction or Ewald 
sphere. To visualize the above derived diffraction condition we draw the incident wave 
vector  ⃗  in reciprocal space starting from the origin along with the reciprocal lattice. 
Subsequently we draw a sphere with origin in  ⃗  and radius | ⃗ |. If moreover a point of the 
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reciprocal lattice lies on this so called Ewald sphere it meets the Laue condition (3.2.7) 
and we draw a wave vector  ⃗   which will correspond to the wave vector of an intensity 
maximum in the diffraction pattern (Figure 14). As we can clearly see in Figure 14 each 
intensity maximum in the diffraction pattern can now be labeled with a reciprocal lattice 
vector    and its respective Miller indices (hkl). Miller indices hereby refer to families of 
planes instead of a direction in reciprocal space. The reciprocal lattice vector 
 ⃗⃗      ⃗       ⃗       ⃗  , where  ⃗  ,  ⃗  ,  ⃗   are a set of primitive reciprocal lattice vectors, is 
normal on a lattice plane with the miller indices (hkl). To avoid redundancy one always 
chooses the shortest vector of this kind. 
 
Figure 14: The Ewald sphere drawn in reciprocal space of a crystal. We draw a sphere 
around the point  ⃗  with radius | ⃗ |. Every reciprocal lattice point that lies on 
this sphere will cause a reflex. Picture taken from [13]. 
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After we derived in general that we can extract the reciprocal lattice of a crystal by 
interaction with waves of comparable wavelength, the following two subsections will 
describe how we use this knowledge to characterize thin films examined in this thesis. 
 
 
3.2.1. X-ray diffraction (XRD) 
 
One of the more easy realizable experiments that exploit the diffraction condition to gain 
information about the solid under investigation is the diffraction with electromagnetic 
waves. If we rewrite the Laue-condition using the relation of reciprocal lattice vectors 
and direct lattice planes we obtain a condition first formulated by Bragg [48] that is 
visualized by the scattering from crystal planes with the miller indices (hkl): 
                (3.2.8) 
Where dhkl is the distance between is adjacent planes and θ is the angle between the plane 
and the beam as in Figure 13. We can already deduce from this equation that if the 
wavelength λ of the incident wave is larger than the spacing between planes (atoms) dhkl 
< λ we will not be able to resolve the diffraction pattern. In fact all the intensity maxima 
caused by interference will overlap and we will only see one maximum and the intensity 
will be distributed over all values of θ [49]. Subsequently it is evident that the 
wavelengths for diffraction in solids are restricted to be below the nanometer scale since 
this is the typical distance of atoms in a solid. Thus for structure evaluations x-rays are a 
suitable candidate, having a wavelength form 0.01 nm to 10 nm. Another characteristic of 
electromagnetic radiation in general is the high penetration depth into solids. X-rays will 
penetrate up to a few millimeters into solid matter and their escape depth can be on a 
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similar order [50]. The examination of crystals by x-ray diffraction will therefore give 
more information about the bulk-structure of a crystal, contrary to electrons as described 
in the next chapter. 
The principal setting of an x-ray diffraction experiment consists of an x-ray source that 
emits the photons on a specimen and the subsequently scattered and diffracted waves are 
collected by an x-ray detector. All the parts lie on the so called “diffractometer circle” 
around the specimen as can be seen in Figure 15 [51]. 
 
 
Figure 15: Principle of a θ-2θ XRD experiment. Source and Detector lie on a 
“diffractometer circle” around the specimen. The wave vectors are drawn in 
the reciprocal space of the specimen. Since we change the angle θ in our 
experiments we effectively scan the direction of the reciprocal lattice, that is 
perpendicular to the surface plane (labeled kz). 
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For the purpose of this thesis the angle θ between the plane of the specimen and the x-ray 
source will equal the angle between the plane of the specimen and the detector. We 
change this angle by moving the plane of the specimen and the detector on the 
“diffractometer circle” in a manner that both angels are the same at all times. Since the 
angle between the source and the detector is 2θ this setup is commonly known as θ-2θ 
geometry. 
X-ray photons are produced in the source by the subtle use of the discreteness of core 
levels in a crystal (see for example [51]). In a vacuum we run current through a tungsten 
filament cathode at high negative potential in comparison to an anode of a certain 
material. Given enough current the cathode will start to emit electrons that have enough 
energy to overcome the crystal/vacuum interface. These electrons are subsequently 
accelerated towards the anode due to the high potential where they will ultimately partake 
in scattering events with the atoms of the anode material. We are able to distinguish two 
different kinds of events in the anode. On the one hand electrons will lose energy in a 
collision with an atom and the energy loss of the electrons in this inelastic scattering 
process will manifest in a photon [51]. The spectrum of these photons has nonzero 
intensity for energies                     -        and is distributed over a range of energies 
(background in Figure 16). 
On the other hand, if the electrons have gained enough energy through the acceleration in 
the electrostatic potential, they can transfer this energy to electrons that are in a core-level 
state in atoms of the anode, which will thus be able to leave the vicinity of the atom. 
Since those atoms are left in excited states they will relax to a state of lower energy under 
the emission of a photon with energy equal to the difference of electron energy levels that 
participate in the transition. These photons have a much more narrow energy width 
(peaks labeled according to the respective electron shell in Figure 16) since core energy 
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levels are discrete, even in a crystal [13]. The exact energy and intensity of the emitted 
photon in this case will depend on the transition probability and position of energy levels 
(= matrix elements), or shortly the type of anode material. 
 
 
Figure 16: X-ray emission spectrum of copper and molybdenum for different cathode-
anode potentials [52], alongside with the respective characteristic radiation 
lines. 
The goal of most x-ray diffraction experiments, as well as the ones conducted in this 
work, is it to determine the structure of the crystal under investigation. For this purpose it 
is favorable to work with monochromatic x-rays. Hence, the radiation resulting from 
inelastic scattering with atoms needs to be filtered out and this can for example be 
achieved by introducing a thin foil of a material with suitable absorption characteristics in 
the beam. 
The beam will eventually reach the specimen and as described above the photons will 
undergo diffraction. Thus we will detect maximum intensity if the diffraction condition 
(3.2.7) is fulfilled. Since we use the θ-2θ geometry as described above and illustrated in 
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Figure 15, we will effectively scan the direction of the reciprocal lattice that is 
perpendicular to the specimen surface: the subtraction of the incident and exiting wave 
vector always has the same direction. Therefore we can relate the angle θ to a length scale 
and determine the out of plane lattice constant through equation (3.2.8) and the position 
of intensity maxima in the scan. 
Besides of the basic physical principles described above there is also a lot of technical 
knowledge involved in XRD. For example there are a range of detectors that can be used 
ranging from expensive solid-state detectors that exploit the band gap in silicon over the 
more commonly used proportional detector that relies on the ionization of a noble gas 
[51]. Furthermore it is also necessary to use a special set of slits to assure the spatial 
narrowness of the x-ray beam. For more details the reader is referred to the widely 
available literature on these topics [50], [51], [53]. 
 
 
3.2.2. Reflection high energy electron diffraction (RHEED) 
 
Reflection high energy electron diffraction, or RHEED for short, exploits the wave nature 
of electrons to create a diffraction pattern that is used to analyze surfaces. First performed 
in the late 1930s [54], the technique was incorporated in molecular beam epitaxy in its 
very early stages and has since then been of great importance for the growth of thin films 
because it allows for in situ monitoring of the growth process. The basic setup of a 
RHEED experiment is quite simple: an electron gun directs a collimated beam of high 
energy electrons onto the surface of interest at grazing incidence and the diffracted beams 
are collected on a phosphor screen [55] (Figure 17). The property that makes this simple 
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setup very attractive for use in molecular beam epitaxy and other surface probing 
techniques is the high surface sensitivity, which is essentially achieved by the use of a 
very small glancing angle and the use of high energy electrons. 
 
Figure 17: Principle of a RHEED experiment. The electron gun emits electrons that are 
diffracted from the surface of the sample and subsequently captured by the 
CCD camera. The reciprocal rods of the crystal surface and the diffraction 
condition are indicated in the drawing. The system shown is incorporated in 
the MBE system described in 3.1 and all the instrumentation besides the 
CCD camera are enclosed in the UHV. 
The electron gun consists of a heated filament that emits electrons at a certain current, 
which are then accelerated by an electric field and finally focused by electrostatic and 
magnetic lenses and slits to form a collimated beam which is directed to the sample 
surface at a grazing angle less than 5° with a divergence below 10
-4
 rad [56]. The optimal 
kinetic energy range for electrons in RHEED experiments lies between 10 keV – 20 keV 
[55] and at these kinetic energies the electrons have a de Broglie wavelength of 0.122 Å – 
0.086 Å. Since this wavelength is smaller than typical atom-atom distances in solids on 
the order of Å, when the beam of electrons hits the sample surface we essentially face the 
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same situation as described in the beginning of chapter 3.2, a wave is diffracted from a 
periodic structure. 
 
 
Figure 18: Cross section of the Ewald sphere with a plane in reciprocal space on which 
the reciprocal rods of the indirect lattice are found. The intersections of 
these “Laue circles” with the reciprocal rods are the points that show 
maximum intensity on the RHEED image on the right. The rods have a 
finite size related to the domain size on the surface. The Intensity 
distribution of the diffracted electrons on the right was acquired in our MBE 
system on a (100) oriented SrTiO3 surface that was TiO2-terminated. Also 
visible is the second Laue circle on the bottom. 
However, there is one major difference from the above described circumstances due to 
the low penetration depth of these electrons. Since we choose the glancing angle to be 
very small, the component of the incident wave vector perpendicular to the surface  ⃗   
will be about 1 keV or below. At these kinetic energies the penetration depth of electrons 
in solids is found to be in the around a few nm [57]. This means that the electrons will 
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effectively be scattered from a two dimensional surface in a first approximation [58]. The 
reciprocal space will therefore consist of an array of lines that are parallel to the  ⃗   
direction (no periodicity in the z-direction of the real space) and have the position of the 
reciprocal lattice of the surface in the  ⃗  - ⃗  -plane. Applying the Ewald construction 
(Figure 14) to this kind of reciprocal lattice, we find the reciprocal vectors of the 
electrons for which the diffraction conditions are fulfilled. 
As we can see in Figure 17 and Figure 18, we will find constructive interference only for 
those wave vectors that lie on concentric circles which are intersections of the Ewald 
sphere with the reciprocal rods and commonly called Laue circles. 
This explains the origin of the RHEED image shown in Figure 18: The intensity of the 
diffracted electrons is high for the points on the Laue circle where it is crossed by the 
rods of the reciprocal lattice. It is obvious that the diffraction pattern will strongly depend 
on the surface structure of the examined sample and less on its bulk properties owing to 
the penetration depth of the electrons. However, it is clear from the above deductions that 
in the simplest order we can make a statement about the structure of the surface by 
observing the diffracted electrons from the surface. If the sample exhibits an amorphous 
surface, essentially every vector of the reciprocal space belongs to the reciprocal lattice 
which means that the diffracted intensity will be evenly distributed over all directions, 
leading to a diffuse background in the RHEED image without any pattern visible (Figure 
19, a). Examining a polycrystalline surface, however, every orientation of the lattice is 
present in the vicinity of the electron beam. This will lead to the overlap of many 
different diffraction patterns in the visible RHEED image which will therefore show the 
full Laue circles (Figure 19, b). 
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Figure 19: RHEED images at different times of an Aluminum on Si/SiO2 MBE growth 
process. Picture a) shows the amorphous surface shortly after opening the 
Aluminum cell and picture b) shows the evolving polycrystalline Al surface 
after ~10 nm of deposited Aluminum. 
A single crystalline surface on the other hand will exhibit points of high intensity lying 
on the Laue circles (Figure 18). Observing the RHEED image during a growth process 
over time, it is therefore possible to monitor the emerging crystal structure in situ. This is 
the reason that RHEED was immediately an excellent candidate to embed in all kinds of 
techniques that are surface dependent and explains its popularity in MBE [55]. Another 
important feature of RHEED experiments for crystal growth is the ability to detect 
surface reconstructions. The surface layer of a crystal can, in order to minimize its 
energy, alter the coordination of surface atoms with respect to the bulk and accordingly 
change symmetry at the first few layers of a crystal. Thus, these so called surface 
reconstructions can be observed in the diffraction patterns that the electrons produce, 
enabling the grower for example to identify certain stages of the growth process, even in 
the sub monolayer regime (see for example [4]). 
Additionally, RHEED can tell us about the quality of the surface. If there are multiple 
surface-steps present in a sample, as it is the case in most real surfaces, the evaluation of 
the sum in (3.2.5) will only run over the finite island size instead over the whole area of 
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the electron beam. Subsequently when scattering from a surface  ⃗⃗         ̂    ̂ with 
finite size            - ;         -  the intensity becomes (see (3.2.5)): 
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(3.2.9) 
Thus the smaller the island size N, M the larger the periodicity of the sine function in the 
numerator of (3.2.9). That means the smaller the island size, the broader are the intensity 
maxima at the positions of the reciprocal lattice points              , leading to rods of 
finite size in reciprocal space instead of simple lines (Figure 18). Therefore the 
intersection with the Ewald sphere (Figure 18) produces diffracted electron beams that 
are elongated into streaks (continuous wave vectors allowed) instead of points from an 
ideal infinite lattice. The size of the streaks can thus contain information about the length 
scale of islands on the surface. 
It is furthermore possible, if we examine samples with even rougher surfaces, that the 
height of the steps prevents two dimensional scattering. The electrons that are directed to 
the surface under a low angle will penetrate islands and having a considerable size 
perpendicular to their direction of propagation, this will introduce a periodicity in the z-
direction leading to a reciprocal lattice that does not consist of rods anymore. The 
recorded pictures will likewise show features of three dimensional scattering and the 
Laue circles for example will not be present any more [55]. 
The low penetration depth, which is one of the key elements of RHEED, essentially 
results from the large cross section of the incident high energy electrons with the atoms 
of the crystal [59]. This however implies that the kinematical approach we described 
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above fails. Although the electrons only penetrate a small distance perpendicular to the 
surface into the crystal, the low angle of incidence leads the electrons to pass multiple 
atoms in doing so. Subsequently multiple scattering will be an important effect for the 
electrons reflected from the crystal surface and hence to fully understand reflection of 
high energy electrons in this experimental setup, dynamical scattering theory is necessary 
[55]. Indeed, if we examine the recorded picture of a SrTiO3 surface (Figure 18) we can 
identify many features that can only be explained if one includes multiple scattering and 
the effect of the crystal potential, for example the diffuse background or the intensity 
distributions. Furthermore, we completely neglected inelastic scattering in the previous 
considerations and the energy and momentum transfers an electron can undergo in a 
crystal, as the electron-electron or phonon-electron interaction as well as the excitation of 
plasmons, play a major role in the formation of diffraction patterns [59]. The so called 
Kikuchi lines that can be seen in Figure 18 for example (lines ending in points of high 
intensity) are an artifact of inelastic scattering from atoms in the crystal. 
In spite of the sophisticated theory that can be hidden in a RHEED image we will only 
make use of the very basic information that we can uncover without tedious calculations, 
namely the crystallinity of the surface we examine. The ability to perform RHEED 
experiments alongside the MBE process will enable us to make statements about the 
kinetics of growth and quality of our sample. 
All RHEED images presented in this thesis are generated by a Staib Electronics RHEED 
gun and imaged using a k-Space kSA 400 RHEED analysis system that is directly built 
into our customized DCA instruments M600 oxide MBE described in chapter 3.1, to 
allow in situ characterization in the UHV environment. 
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3.3. ATOMIC FORCE MICROSCOPY (AFM) 
 
We use atomic force microscopy to investigate the surface morphology of produced 
samples. Invented in 1985 by G. Binning, C.F. Quate and C.H. Gerber [60] atomic force 
microscopy quickly became a standard technique for surface scientists and is nowadays 
even able, however with great effort, to achieve atomic resolution of single molecules 
[61]. The setup of an atomic force microscope is shown in Figure 20. 
 
 
Figure 20: Principle of an non-contact atomic force microscope  
AFM relies in principle, as the name suggests, on the measurement of atomic forces. This 
is achieved by a cantilever that is approached to the surface. The tip of the cantilever 
itself hereby has the size of a few atoms, to measure the interatomic forces between the 
tip and the sample surface. Interatomic forces are governed by long range, attractive van-
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der-Waals forces (dipole-dipole interaction) and on the short range repulsive forces 
originating from the Pauli principle and the Coulomb interaction [60]. 
We use an AFM that operates in so called constant frequency non-contact mode as it is 
illustrated in Figure 20. For the measurement of the interatomic forces the cantilever is 
excited to oscillate at its resonance frequency. While moving the tip across the surface of 
a sample using piezo-crystals the tip-sample force will change corresponding to the tip-
sample distance. This will also affect the resonance frequency of the tip itself. If we 
require the resonance frequency to stay constant while allowing the sample-tip distance to 
change, the measurement of the tip movement will correspond to the morphology of the 
sample. The movement of the tip is usually monitored by the reflection of a laser with 
photodiodes. By positioning the laser in the center of four photodiodes the photon 
induced current in each diode will be the same. If the beam moves due to a height change 
of the tip the rising current will tell us in which direction the tip is moving and thus we 
obtain a line profile of the surface. Acquiring multiple line profiles, while gradually 
changing the position of the tip perpendicular to the scanning direction, we can produce 
images sensitive to a step height of atoms. 
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3.4. PHOTOELECTRON SPECTROSCOPY (PES) 
 
Another widely used technique to investigate properties of solids is photoelectron 
spectroscopy (PES), which in principle solely relies on the photoelectric effect, explained 
by Albert Einstein, who was eventually rewarded for this work with the Nobel Prize in 
1921 [47]. Likewise rewarded with the Nobel Prize was Kai Siegbahn for significantly 
refining the technique of photoelectron spectroscopy and investigating core level shifts in 
different chemical environments [62], which paved the way for the popularity and 
importance of PES in modern spectroscopy. 
The principal of photoelectron spectroscopy is measuring the kinetic energy of electrons 
that are ejected from energy eigenstates of a system by absorption of a photon. This gives 
the observer information about the electronic structure, binding energies and chemical 
state of the atoms, molecules or solid material under investigation. Generally we can 
write for the basic process in photoelectron spectroscopy: 
       ( )             (3.3.1) 
where hν is the energy of the incident photon, Ei is the initial energy of the system, Ef(k) 
is the final energy of the system after emission of an electron with quantum numbers k 
and Ekin is the kinetic energy of said electron [63]. In a first order approximation we can 
simply interpret the term E
f
(k)-E
i
 as an expression for the binding energy of the electron 
in the system. Of course there are many more effects contributing to the energies of the 
system other than electronic ones, for example vibrational terms, but often the resolution 
of a spectrometer will be too low to detect these effects. Since we are interested in 
spectroscopy of solids we can further reduce the binding energy of an electron to yield: 
       
     
 
        (3.3.1) 
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where   
  is the magnitude of the energy level with respect to the Fermi level of the 
sample and  
 
 is the work function of the sample. It is therefore clear that by measuring 
the kinetic energy of photoelectrons and knowing the energy of the incident photons we 
can deduce information about the sample. 
 
 
Figure 21: Principle of an XPS or UPS measurement. The detector emits photons, which 
promote electrons from the sample to the UHV which are subsequently 
detected by the analyzer. 
Thus a photoelecton spectrometer in principle consists of a radiation source emitting 
photons, a sample stage and an electron analyzer that is able to determine the kinetic 
energy, as well as the quantity of electrons that reach it (Figure 21). For this thesis we 
were used a VG Scienta MX 650 Al Kα (1486.7 eV) [63] x-ray radiation source with a 
quartz crystal monochromator for x-ray photoelectron spectroscopy (XPS) and a VG 
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Scienta VUV5000 ultraviolet light source to perform ultraviolet photoelectron 
spectroscopy (UPS). Here helium plasma is generated to emit photons with the energy of 
He I (21.22 eV) and He II (40.81 eV) [64]. UPS is mainly used to probe valence states of 
a crystal, while XPS is used to study the much deeper lying core levels.  
The photons of certain energy will eventually reach the sample in a certain angle, where 
they will in principle penetrate up to a few microns into the specimen while interacting 
with electrons and atoms along the way [50]. The electrons that have energy levels lower 
than the energy of a photon will be excited above the vacuum energy level through 
absorption of a photon. However, the electron escape depth is much lower in solids than 
the photon penetration depth. For a silicon crystal, the escape depth for electrons of the 
energy 320 eV to 3.6 keV lies between 13 Å to 83 Å [65] and it is clear that both XPS 
and UPS are surface techniques, being sensitive to parts of a monolayer on a surface. The 
escaping electrons will be focused by magnetic and electrostatic lenses to reach the 
analyzer through a thin slit. Because electrons are easily deflected by contaminating 
gases, XPS and UPS have to be carried out in an ultra-high vacuum environment as well, 
which also ensures the quality of the surface under observation. 
In the analyzer the electrons are finally decelerated by an electric field. Electrons which 
do not have a narrow kinetic energy will collide with the walls of the spherical analyzer 
and the electrons that do are eventually counted by a CCD-camera [66]. This will allow 
for a quantification of the emitted photoelectrons and sometimes this technique is also 
modified to examine the angular dependence of the photoelectrons (Angular Resolved 
Photoelectron Spectroscopy, ARPES). 
In principle, we are recording the density of electronic states through the above described 
technique. However, there is a variety of effects that also play a role in the emission of 
photoelectrons [63]. It is for example clear, that the density of states will be weighted by 
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the transition probabilities for electrons from the different energy levels to the different 
final states (and there are also some difficulties in defining the final state). The transition 
matrix elements can in principle be calculated by Fermi’s Golden Rule 
      |⟨  | 
   |  ⟩|
 
 ρ, where     is the transition probability from the initial state |  ⟩ to 
the final state |  ⟩, ρ is the density of states and  
    the perturbation Hamiltonian [67]. 
Furthermore there will be multiple effects where more than one electron participates, for 
example the Auger electrons, plasmon excitation and the continuous energy loss of 
electrons through multiple scattering with other electrons in the solid, leading to a 
background in the spectrum [63]. Finally as mentioned above the final and the initial 
states to determine the “binding energy” can only be accurately quantified using many 
body theories. 
Nonetheless, it is relatively easy to determine chemical shifts of core levels, first 
considered by K. Siegbahn [62], which can give important information of the 
environment and origin of binding of atoms in the solid. Core levels are easily identified 
as spikes in the electron counts vs. energy plot recorded by the detector and can be 
modeled by Gaussian functions (spectral line width [1]) without paying too much 
attention to the additional effects mentioned above, which will also be a goal of this 
thesis. The possibility to study the binding energies in molecules and solids is one of the 
reasons why photoelectron spectroscopy is a widely used technique. 
Furthermore, we will be able to determine the work function of materials with UPS 
analysis and measure the density of states in the valence band regions. We will also have 
to pay attention to charging effects that occur with nonconducting samples, due to the 
ionization of the sample in which no compensating charge can be supplied. 
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3.5. TRANSPORT MEASUREMENTS 
 
To investigate transport properties of grown samples, namely the resistivity, the mobility, 
the relaxation time and the Hall resistance [49], we use the van der Pauw geometry [68]. 
The experimental setup is shown in Figure 22. 
In principle the samples are mounted on a holder and we subsequently create four 
electrical contacts by wire bonding [69] to connect two sourcemeters for measuring 
voltage and applying current. By applying current I12 between contact 1 and 2 and 
measuring the resulting potential V34 between contact 3 and 4 we can determine the 
resistivity ρ using [70]: 
ρ   
  
     
   
   
 (3.5.1) 
where d is the thickness of the conducting film. 
 
 
Figure 22: Surface of a sample for transport measurements in the van der Pauw geometry. 
The numbered squares are the electrical contacts and a magnetic field B can 
be applied perpendicular to the sample surface. 
Furthermore we will place the sample in a way that we can apply a magnetic field 
perpendicular to the sample surface. This is achieved by mounting the sample holder in 
the middle of a superconducting coil, which guarantees the magnetic field to be 
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sufficiently homogenous in the 5 mm×5 mm×0.5 mm volume of the specimen. Thus we 
are able to measure the Hall resistivity RH by applying current diagonal across the surface 
and measuring the potential perpendicular to this direction by [49]: 
     
    
    
    
 
  
 (3.5.2) 
where n is the carrier density, e is the elementary charge and B is the magnitude of the 
applied magnetic field. This will allow us to deduce the carrier density after the Drude 
theory of metals [13] in the sample. 
Also we will be able to calculate the mobility µ in the measured samples by [13]: 
    
 
  ρ
 (3.5.3) 
The ability to regulate the strength of the magnetic field will also enable us to measure 
the magnetoresistive effect, which is the variation of the longitudinal resistance with 
varying magnetic field strength. 
Finally we will set up the sample in a cryostat to measure the temperature dependene of 
the above mentioned parameters. It consists of two chambers with one enclosing the other 
one. The chambers are separated by a high vacuum of approximately 10
-6
 Torr to prevent 
thermal cross talk. To start the cooling process the outer chamber is filled with liquid 
nitrogen having a temperature of around 77 K [44], serving as a heat shield for the inner 
chamber. After a waiting period of a day we fill liquid helium in the inner chamber, 
which also contains the sample and this will bring the sample to a temperature of 4.2 K 
[44]. The temperature can be further reduced to about 2.2 K by pumping the inner 
chamber. While slowly evaporating helium we are thus able to obtain temperature 
dependences in the area between 2.2 K and 300 K. Between the inner and the outer 
chamber there is also a third chamber containing the superconducting coil, which also 
needs to be cooled by liquid helium. 
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4. Growth and Characterization 
 
In the following we describe the substrates and MBE growth processes conducted in this 
work. Furthermore we present results of measurements of the thin films by RHEED, 
XRD, XPS, AFM and TEM. Finally we investigate the transport properties of thin films. 
 
 
4.1. SUBSTRATE PREPARATION 
 
Since the principal goal of this thesis is to examine SrAl4 as a possible wetting interface 
for the oxide/semiconductor epitaxy, possible candidates for substrates are oxides, 
specifically oxides with perovskite structure. Perovskites exhibit characteristics that make 
them interesting for use in applications and are available in the form of almost perfect 
crystals. Hence we selected SrTiO3 and LaAlO3 as substrates for growth. 
We purchased polished (100)-oriented LaAlO3 (LAO) crystals from “CrysTec” with 
dimensions of 5mm×5mm×0.5mm. Below 400°C lanthanum aluminate has a 
rhombohedral perovskite structure (space group   ̅ ) with lattice constants a = b = c = 
3.788 Å, and angles α = β = γ = 90.022° [71]. It undergoes a phase transition to a cubic 
structure (space group Pm3m) at 400°C with almost no change in the lattice constants 
[72]. The surface termination is reported to be temperature dependent, being exclusively 
Al-O-terminated below approximately 150°C and La-O-terminated above 250°C [72]. 
Mixed surface terminations only occur in the temperature region between 150°C and 
250°C. 
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Crystalline, one side polished, (100)-oriented SrTiO3 (STO) was acquired from “C      ” 
with dimensions of 5 mm×5 mm×0.5 mm. Above -168°C strontium titanate has the ideal 
cubic perovskite structure (space group Pm3m) with a lattice constant of 3.905 Å [73]. 
Below these temperatures however, the ideal perovskite structure is distorted, through the 
rotation of the oxygen octahedra around titanium leading to a tetragonal structure. This 
phase transition at around 105 K is related to the instability of the lattice against a certain 
phonon mode. This mode behaves as √  around the transition temperature and is called 
soft mode [74]. It is noteworthy that this phase transition was and is often a model system 
for the study of phase transitions in general often leading to a deeper understanding of the 
field. The surface of the STO substrates is Ti-O-terminated as ensured by the 
manufacturer. 
For substrate preparation as recieved substrates were loaded into the MBE chamber and 
annealed for approximately 15 minutes at 700°C in the substrate holder. The 
corresponding RHEED images are shown in Figure 23. 
 
 
Figure 23: RHEED images of the (a) STO and (b) LAO surface in <110>-direction after 
annealing for 15 minutes at 700 °C in the MBE chamber.  
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Figure 24: Different spacings in the annealed LAO surface. The drawings above the 
RHEED images show the respective direction that is displayed by the 
electron diffraction. 
To identify the direction shown by the RHEED images we note that we are able to 
distinguish two different spacings while rotating the substrate holder. As an example 
Figure 24 shows the surface of LAO in two different directions. As discussed in chapter 
3.2.2 RHEED shows the reciprocal space of the surface. The spacing of the intensity 
patterns in the horizontal direction d<hkl> shows the spacing of the reciprocal lattice in the 
direction perpendicular to the incident wave vector  ⃗ . The two different spacings that can 
occur in the <hk0> direction of a perovskite structure are a and   √ , with a being the 
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lattice constant, as illustrated in Figure 24. Hence comparing the horizontal spacings of 
the RHEED images we can deduce: 
      
      
   
   
 
√ 
    
   √  
(4.1.1) 
Thus we can identify the directions in Figure 23 both showing the <110> direction. 
While there are several surface reconstructions reported for the Ti-O-terminated STO 
surface [75], there are only a few publications on a surface reconstruction of LAO 
available. Mainly these reports refer to a 5×5 reconstruction after annealing for 20h at a 
temperature of 1500°C [76] and recent findings also suggest a 2×2 reconstruction after 
treatment with an organic solvent and annealing at 700°C for 7h [77]. In this work we did 
not aim for a specific surface reconstruction of both substrates and consequently all our 
substrates showed a 1×1 reconstructed surface prior to growth (Figure 23). 
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4.2. FILM GROWTH AND RHEED ANALYSIS 
 
After annealing the substrate we initiated the growth process at different temperatures 
ranging from 400°C to 800°C. Different growth procedures to try and grow crystalline 
strontium aluminide have been used which yielded different results described below. 
Initial attempts on STO were made with a simple co-deposition of strontium and 
aluminum. Co-deposition refers to simultaneously directing a Sr-flux and Al-flux on the 
surface of the substrate. For this purpose we calibrated the fluxes of both sources with the 
crystal monitor as described in section 3.1 to yield deposition rates of a known ratio. The 
Aluminum was calibrated to yield a film-thickness of 〈 〉            ρ     
  ⁄  
            -  what corresponded to a cell temperature of TAl ≈     ºC. Strontium was 
calibrated to yield deposition rates of 〈 〉         ρ     
 ⁄      7      -  at cell 
temperatures of TSr ≈    ºC. In total this corresponds to a deposition ratio of Al/Sr = 2/1 
and a total deposition rate of 〈 〉      〈 〉     〈 〉             
- 
. 
 
 
Figure 25: RHEED images of (a) annealed STO surface at 800°C (b) sample after 18nm 
co-deposition with the ratio Al/Sr = 2/1. We are able to identify 
polycrystalline arcs in (b). 
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The growth was initiated at varying substrate temperatures between 400°C to 800°C and 
the RHEED analysis of the surface prior and post growth is shown in Figure 25. We are 
able to identify polycrystalline rings in Figure 25 (b): in the vicinity of the electron beam 
there are all lattice orientations present resulting in the full Laue circles.  
It is worth noting that every growth process performed in this way at first showed an 
amorphous structure and only at very high film thicknesses (d > 15 nm) was it that we 
could identify a polycrystalline structure. This means that there is possibly no epitaxial 
growth mode present and with high thicknesses the film slowly forms its own structure. 
Further growth processes on a STO substrate included co-deposition with different ratios 
of the sources and processes where we pulsed the flux from the Sr-cell. However we were 
unable to achieve single-crystalline RHEED patterns on STO at all growth temperatures 
tried. Since it is our goal to obtain crystalline interfaces of a Zintl-phase we will not 
further investigate the thin films on STO in this thesis. 
Growth of a thin SrAl4 film on LAO was initiated at substrate temperatures between 
400°C to 800°C as well. The best results in terms of crystallinity according to RHEED 
were achieved with a pulsed deposition technique. The sources are calibrated to yield 
deposition rates of 〈 〉               
- 
 (TAl ≈     ºC  and 〈 〉       7       
- 
 (TSr ≈ 
436ºC), which corresponds to equal fluxes of both materials. While constantly depositing 
Al we pulse the Sr flux through repeatedly opening the shutter for 19 seconds and closing 
it for 20 seconds, while these times were optimized through the XPS analysis of 
stoichiometry (see chapter 4.5). 
After starting the deposition we observe the slowly vanishing crystalline RHEED image 
of the LAO surface and after about 10 minutes we are able to identify a new crystal 
structure on top of the substrate trough the emerging RHEED picture (Figure 26 (b)). 
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Figure 26: RHEED images of the sample surface during growth recorded along the 
<110> direction of LaAlO3 using 18 keV electrons. (a) shows the clean 
LAO surface. (b)-(d) display the thin film of SrAl4 after growth of 
approximately 1.5, 3 and 7 unit cells of SrAl4. The spots indicate large step 
heights. 
After about 20 minutes of growth the substrate is not visible in RHEED anymore and we 
only see a diffraction pattern of the new surface structure as shown in Figure 26 (c). The 
patterns indicate that the emerging layer shows large step heights over a few monolayers, 
since instead of streaks we observe points on a rectangle grid, indicating three 
dimensional scattering through the different terraces of the thin film, which is a strong 
indication for the Volmer-Weber growth mode. 
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Furthermore, the RHEED pattern indicates two different spacings preset in the area of the 
electron beam. In Figure 26 (c) and (d) one can identify an additional set of streaks, with 
lower intensity. It turns out that depending on the direction (kx,ky,0) of the electron beam 
one of the two sets has a higher intensity than the other one. The difference is illustrated 
in Figure 27. This means that there are two different in-plane lattice orientations of the 
film relative to the substrate present. 
 
 
Figure 27: RHEED pictures with different (kx,ky,0)-direction of the incident electron 
beam. The pattern with higher intensity in (a) can be identified with the 
<110>-direction, the pattern in (b) with the <100>-direction of SrAl4. 
It is possible to determine the respective lattice constants for the different spacings of the 
grown film. Since the LAO substrate surface is (100) oriented we know that the spacing 
in Figure 26 (a) corresponds to the <110>-spacing of a perovskite lattice with lattice 
constant aLAO = 3.79 Å. While keeping the angle of incidence we can therefore introduce 
a scale to convert the spacing on the RHEED images into a length that corresponds to the 
lattice constant. The in plane lattice constants of the grown film calculated from Figure 
26 are afilm = 3.14 Å for the high intensity pattern and afilm = 4.43 Å for the low intensity 
pattern. Comparing this to literature values we find excellent agreement with the spacing 
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of the SrAl4 lattice in the <100>-direction                  [25] and <110>-direction 
               √ ⁄           . This can be seen as a first indication that the film assumes 
the structure of SrAl4, which will be confirmed by all conducted experiments. Since we 
do not change the direction (kx,ky,0) of the beam relative to the sample in Figure 26 we 
obtain the relative alignment of film and substrate. The RHEED images in Figure 26 
show the maximum intensity in dependence of in-plane beam direction of each set of 
streaks. Hence we have two different orientations in epitaxial registry to the substrate. 
The <110> direction of the film is oriented along the <110>-directions of the substrate 
and another part of the film is rotated 45°, matching its <100>-direction to the LAO 
<110>-direction. 
Since we cannot distinguish any change in the RHEED diffraction patterns with the 
thickness of grown films up to 360 minutes of deposition we could also deduce that the 
grown layers are unstrained. A variation of the substrate temperature also did not lead to 
any noticeable changes in the diffraction. 
We experimented with different growth recipes however the above described method 
seemed to yield the best result with respect to crystallinity. The co-deposition of both 
materials for example, resulted in an amorphous film, even at varying substrate 
temperatures. Another attempt was to stabilize fluxes at the substrate surface of Sr and Al 
with a ratio of 1:4, which corresponded to source temperatures of TAl ≈ 1100ºC and TSr ≈ 
430ºC. In this case the resulting film showed a semi-polycrystalline behavior. The 
diffraction pattern exhibits similarities with the diffraction patterns of SrAl4 but the ring 
segments in the RHEED image show that there is more than one lattice orientation 
present in the crystal. There are only parts of Laue circles visible in Figure 28. This 
means the in plane orientation of the lattice is in a certain angular range. Probably the 
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film still has the structure of SrAl4 with this growing technique, but the film-substrate 
orientation is more random due to the higher growth rate. 
 
 
Figure 28: RHEED image of a sample grown with codeposition of Sr:Al in the ratio 1:4. 
The substrate temperature was 400ºC and the deposition amounts to 50nm 
 
 
Figure 29: RHEED image of a 3nm polycrystalline germanium film grown at a substrate 
temperature of 300ºC on a 8nm SrAl4 film. 
Additionally to the growth of SrAl4 we managed to grow a thin film of polycrystalline 
germanium on the SrAl4 surface. For this purpose we used an electron gun evaporation 
source, whose flux we calibrated to equal one bulk-monolayer per minute as well, which 
corresponded to an electron current of about 140mV and a deposition rate of 〈 〉   = 1.54 
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Å min
-1
. After growing films of SrAl4 of varying thickness on LaAlO3 we deposited 
germanium on the surface at varying temperatures. 
The RHEED patterns indicate that germanium assumes a polycrystalline structure on the 
SrAl4 film as shown on Figure 29. The deposition times were always around 20 minutes 
and the crystallinity of these Ge-films seemed to improve with higher substrate 
temperatures, judging from RHEED images. However we were not able to obtain any 
lattice constants from x-ray diffraction measurements. 
As the RHEED analysis indicates the films grown with the pulsed deposition technique 
exhibit the most distinct crystal structure. Further studies were exclusively limited to 
films produced this way. Furthermore, all characterization experiments confirm that the 
film is indeed Zintl SrAl4. 
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4.3. X-RAY DIFFRACTION 
 
In order to determine the out of plane lattice constant of the grown films, we carried out 
                    -  X-ray diffraction measurements on samples that showed clear 
diffraction patterns in RHEED experiments. In Figure 30 we show two scans of two 
different samples along the (001)-direction in the reciprocal space and as described in 
chapter 3.2.1 the peaks in intensity correspond to specific sets of planes. 
Since the X-ray penetration depth exceeds the thickness of the grown thin films, we can 
see an overlap of the reciprocal lattices of the SrAl4 film and LaAlO3 substrate. In order 
to distinguish the substrate peaks form the film peaks (as they are labeled in the graph), 
we have also measured bare substrates. The additional peaks that are not labeled in 
Figure 30 were identified to belong to the substrate, since they occur also in 
measurements of bare substrates. We use a copper x-ray source with a wavelength of λ = 
1.5406 Å with the additional peaks resulting from other wavelengths present in the x-ray 
beam. The spacing that can be calculated from the peaks labeled LAO in Figure 30 is 
3.84 Å, which is reasonably close to the literature value of LAO of 3.788 Å [71] 
considering the broadness of the peaks. 
The additional peaks in the graph appear at angles of·16.1°, 32.1° and 60.0°, which 
corresponds to a spacing of 11.14 Å. If we check all stable phases of Sr-Al-compounds 
the only material that exhibits this spacing is SrAl4 in (001)-direction with c = 11.209 Å 
[25], which identifies the lattice of the epitaxial grown film. The positions of the SrAl4 
lattice peaks are indicated in Figure 30 and the (0 0 6) peak cannot be seen because it is 
overlapped by the much stronger substrate peak. Furthermore the (0 0 10) peak is barely 
visible since it has a very low intensity compared to the other peaks owing to the atomic 
form factor. Additionally the SrAl4 lattice can be described as a body-centered-tetragonal 
 66 
lattice with basis. The structure factor of this lattice type is the reason only reflections 
fulfilling the condition                       for the Miller indices have a non-vanishing 
intensity. 
 
 
Figure 30: XRD θ-2θ scan of a 80 Å (left) and a 160 Å thick (right) SrAl4 film showing 
single crystalline (001) orientation. The unlabeled peaks next to the LAO-
substrate peaks can also be assigned to the substrate. 
Since the samples shown in Figure 30 have a different film thickness due to different 
lengths of growth, the intensity of the peaks is higher in the sample on the right that was 
grown for a longer period of time. 
We also produced samples that we exposed to air for multiple days and performed X-ray 
diffraction on them. Again we were able to identify the additional peaks of the SrAl4-
lattice in the diffraction spectra. However the intensity of the film lattice is decreasing 
over time. This is an indication that the film is reacting with air. Especially films that 
were exposed to moisture were visibly degraded. 
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As RHEED images indicated, growth techniques other than the pulsed deposition resulted 
in amorphous films that were showing no additional reciprocal lattice points in the out of 
plane X-ray diffraction spectra. 
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4.4. MICROSCOPY 
 
AFM measurements were carried out on surfaces of epitaxial grown SrAl4 since this can 
give us a lot of information about the structure of the thin film. Additionally cross section 
transmission electron microscopy (TEM) of some samples was carried out by David J. 
Smith at Arizona State University to further determine the structure. 
 
 
Figure 31: (a) and (b) optical microscopy of a (001) surface of LAO with a field of view 
of approximately 0.45 mm from [78] (c) and (d) AFM pictures of a 138 Å 
thick film of SrAl4 on an LAO substrate. The same structure of twin planes 
and surface steps is visible on the substrate and the grown film. 
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We first observe the structure of the grown films visible with optical microscopy. An 
optical microscopy picture of a bare LAO surface after heating to 600°C is shown in 
Figure 31 (a), (b) [78] alongside of a typical 0.1 mm × 0.1 mm AFM scan of a film of 
SrAl4 grown on an annealed LAO sample. We are able to identify the same structures on 
the surface of bare LAO and in the grown film of SrAl4 on this length scale. Previous 
studies showed that the surface of (100) oriented LAO exhibits multiple twin planes [76], 
[78]. These are planes where lattice points are shared between two crystals of different 
in-plane orientation, defining a twinning angle and adding symmetry [1]. The twin planes 
are clearly visible on Figure 31 (a) and (b), separated by surface steps [78]. Likewise, at 
least on this length scale of 0.1 mm, the growing film adopts the morphology of the 
substrate surface. Thus we see a mixture of (100) and (010) twins on the LAO surface in 
Figure 31 (a) while a similar structure of steps is also visible on the SrAl4 surface in 
Figure 31 (c). The same applies for Figure 31 b) and d), while b) shows predominantly 
(100) twins. 
If we consider a larger magnification in the AFM we discover that the grown film of 
SrAl4 consists of rectangular islands of different heights and widths that show flat 
plateaus (Figure 32). The magnitude of the island-width is hereby typically on the order 
of 0.2 μm, as we can see on the spectral distribution maximum of the Fourier-transform 
of the surface around 10
-2.3
 nm
-1
. The island heights vary in the area of 5 nm to 25 nm 
(Figure 32) which indicates step heights over a few unit cells. The root mean square over 
heights measured in AFM images was always in the area of 6 nm - 8 nm independent of 
the time of deposition. It is interesting to note that neither the substrate temperature 
during growth nor the time of deposition greatly alters the shape and order of these 
islands. 
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Figure 32: AFM image of the surface of 255 Å SrAl4 deposited on LAO alongside plots 
of the spectral distribution of a Fourier-transform of the surface (left) and a 
height distribution (right). 
Judging from the AFM pictures we were not able to find a connection between the 
orientation of these islands and the relative orientation of the substrate and film lattices. 
Additionally, we are able to compare the expected thickness of the grown films from the 
calibration with the crystal monitor with the real thickness of the films using AFM. For 
this purpose we used sample holders that were covering a small part of the surface on the 
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edge of the substrate. Thus the edge of the substrate will not be covered by strontium or 
aluminum after the growth process since the substrate holder effectively blocks the 
incoming molecular beams. This means that after the growth we are able to measure the 
height difference of the film and the substrate as shown in Figure 33. The left part of the 
picture shows the bare LAO substrate, while on the right the grown film is visible. 
 
 
Figure 33: AFM image of the surface of 81 Å SrAl4 deposited on LAO. The left part of 
the image shows the bare LAO surface as compared to the grown SrAl4 on 
the right. 
For the sample in Figure 33 we calibrated the sources to yield thicknesses of 
〈 〉               
- 
 and 〈 〉       7       
- 
 and pulsed the Sr-flux as described in 
chapter 4.2 (19s flux/20s no flux). Trusting the crystal monitor calibration this should 
yield a deposition rate of 〈 〉         〈 〉     (    ⁄ )〈 〉              
- 
. Thus a 
deposition time of 39 minutes as used for the film in Figure 33 should result in a 
thickness of     〈 〉                      . If we however measure the thickness as 
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shown with the line profile of Figure 33 and averaging over multiple spots on the film we 
obtain a thickness of d = 80.7 Å. The discrepancy between these values lies in the 
assumption that the sticking coefficients of strontium and aluminum are equal. The 
deposition rates should amount roughly to a ratio of strontium to aluminum of 1:2 in the 
film. However, the lattice constants suggest a ratio of 1:4 in the film (also confirmed by 
XPS measurements of stoichiometry in chapter 4.5). Hence we suggest that half of the 
strontium reaching the surface does not stick to the film leading to an expected deposition 
rate of 〈 〉         〈 〉       (    ⁄ )〈 〉              
- 
. This leads to the film thickness 
of     〈 〉               7  7   in Figure 33. This value agrees very well with the 
measured thickness. All values of thicknesses that are given in this thesis are deduced 
from this thickness calibration that leaves us with an approximated deposition rate of 
〈 〉                   
- 
. 
 
 
Figure 34: AFM image of the surface of 255 Å SrAl4 deposited on LAO. The sample 
shown is the same as in Figure 32 with a lower magnification. 
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The AFM analysis, along with the RHEED pattern, is another strong indication of the 
Volmer-Weber growth mode. Of course one could argue that judging from the AFM 
picture in Figure 32 the Stranski-Krastanov mode is also a possibility, since the root 
mean square over the heights does not depend on the amount of deposited material 
indicating a layered film structure underneath the islands. If we however consider the 
heights of islands shown in the line profile in Figure 34 the island-height of around 22 nm 
is close to the expected film thickness of   〈 〉                      . Also judging 
from the height-distribution in Figure 32 it is unlikely that there is a layered structure 
underneath the islands, at least in thin films below 30 nm. 
This assumption is also verified through TEM images. In Figure 35 and Figure 36 we 
present typical TEM images of grown SrAl4 films that were capped with polycrystalline 
germanium to prevent reactions with air. 
The sample in Figure 35 was grown for 40 minutes and subsequently shows in average a 
thickness of 8 nm which we expect with the deposition rate deduced above. Clearly 
visible is the formation of islands of SrAl4 on the LAO substrate. However the above 
deductions are reinforced: SrAl4 islands are crystalline and oriented in the (001)-direction 
as suggested by RHEED and XRD, also germanium shows polycrystallinity.  
The film in Figure 36 was grown for 80 minutes and subsequently exhibits a thickness of 
16 nm twice that of the film shown in Figure 35. Although the film is nucleated in islands 
as well, these islands exhibit a very well ordered crystal structure of SrAl4. 
In summary we can say that the films produced with the pulsed deposition technique 
exhibit the Volmer-Weber growth mode at thicknesses less than 30 nm and the islands 
show a high degree of crystallinity with the possible epitaxial arrangements as 
determined by RHEED. 
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Figure 35: cross section TEM image of 8 nm crystalline SrAl4 on (100) oriented LAO 
capped with 6 nm of polycrystalline germanium. The bright very thin film 
between LAO and SrAl4 probably results from the truncation of the sample 
during preparation. 
 
Figure 36: cross section TEM image of 16 nm crystalline SrAl4 on (100) oriented LAO 
capped with 4 nm of polycrystalline germanium. 
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4.5. PHOTOELECTRON SPECTROSCOPY 
 
The goal of this work is to find a Zintl interface to possibly combine an oxide with a 
semiconductor, since in Zintl phases both covalent and ionic bonding can be present. In 
this sense strontium should donate electrons to aluminum, which subsequently form a 
structure with (8-N) nearest neighbors, where N is the number of valence electrons [17]. 
This could be verified by a shift of the binding energies of the core levels in SrAl4 with 
respect to the core levels of the elements Sr and Al in bulk composition. The naïve 
understanding of this process would be a shift of the aluminum core levels to lower 
binding energies and higher binding energies of the strontium core levels due to the 
electrostatic forces of the transferred electrons. In reality the core energy levels are 
influenced by many different effects. One has to keep in mind for example that we are 
not dealing with free atoms and this is why many-body effects like relaxation play a role. 
Also relativistic effects determine the energy of a core level [63]. The widely used 
experimental method to examine the electronic energy levels and composition of the 
grown compound is X-ray photoelectron spectroscopy (XPS). Furthermore we carry out 
UPS measurements to determine the work function of SrAl4 which we will use to 
determine the core level shift of strontium and aluminum with respect to their values in 
the pure element form. 
In Figure 37, we present a typical survey scan over the entire energy range of 
photoelectrons of a 127 Å thick SrAl4 film on a LAO substrate that is irradiated with x-
rays from a monochromated aluminum source (EKα = 1486.6 eV). One problem with all 
photoelectron experiments on insulators is that the sample is getting charged over time. 
The escaping electrons disturb the neutrality of the sample since at the surface there is 
more positive charge than negative, effectively creating an electrostatic field that gains 
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strength if the sample is continuously exposed to radiation. In a conducting solid this 
charging is compensated through a flux of electrons from some source if the sample is 
properly grounded (which is usually ensured through the sample holder). In our case the 
thin film of SrAl4 is conducting at room temperature (see chapter 4.6) but the insulating 
LAO substrate prevents a compensating charge flux. Hence, we usually observe a shift on 
the order of a few volts to higher binding energies for all measured energies after turning 
on the x-ray source that saturates after about 5 minutes. 
 
Figure 37: Scan over the emitted photoelectrons of a 127 Å thick SrAl4 film on a LAO 
substrate that is mounted on p-doped Silicon with Ag-paste to prevent 
charging. The unlabeled peaks are caused by plasmons. 
For this reason we mounted the LAO substrate on heavily p-type silicon with conducting 
silver paste prior to growth in such a way that excess silver paste remained on the surface 
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of the LAO substrate to create a conducting connection between silicon and the LAO 
surface. After growing SrAl4 the silver paste serves as a channel that can provide a 
compensating charge to obtain the energies of the escaping electrons (with respect to the 
Fermi energy of the detector) without any disturbing electric fields. Subsequently, we 
could not detect any charging in the sample whose XPS survey scan result is presented in 
Figure 37. All peaks that typically occurred in the SrAl4 samples are labeled in Figure 37. 
We are able to match all peaks to the core levels of strontium, aluminum, lanthanum and 
oxygen as we expected from the growth process. The core levels are labeled as (element, 
quantum number n, quantum number l) and the Auger peak of oxygen is labeled by the 
historical electron shell nomenclature (element, final shell, initial shell, shell of emitted 
electron). 
The large oxygen peak in Figure 37 is a combination of the oxygen that is present in the 
lattice of LAO and chemisorbed oxygen on the SrAl4 film. Figure 38 shows an XPS scan 
of the oxygen 1s core level. We can clearly distinguish two different types of oxygen at a 
binding energy of 531.5 eV and 532.8 eV. These different energy levels result from 
oxygen in the LAO lattice on the one hand and contaminating oxygen sticking to the 
surface on the other hand. The peak with lower binding energy originates from LAO 
since it matches the expected peak area, judging from the normalized intensity of the 
lanthanum peak (ratio 3:1). As already mentioned, the high reactivity of the film was also 
observed by a visible degradation of the film over a few days when leaving it in air. Also 
we conducted multiple XPS measurements on films that we exposed to air for a few days 
and were observing an intensity loss in the peaks of strontium and aluminum. 
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Figure 38: XPS scan of oxygen 1s core level of a 127 Å thick SrAl4 film on a LAO 
substrate. We can distinguish two kinds of energy levels, one belonging to 
surface oxygen. 
Furthermore the La 3d peak was always present, but with degrading intensity with 
increasing thicknesses up to 300 Å. This is further verification of the island morphology 
of the film where some LAO surface is still exposed. Only at film thicknesses above 300 
Å we do cover the whole substrate and the La peak vanishes. 
To examine the chemical state of the elements in SrAl4 and determine the ratio of Sr to 
Al in the film we take a closer look at the peaks corresponding to the core levels of 
aluminum 2p and strontium 3d. In the spectra, we find peaks of aluminum in different 
environments: one in LAO and the other one in SrAl4. To identify the respective peaks 
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we compare the core spectra at different thicknesses of the SrAl4 film as it is shown in 
Figure 39. 
We can clearly distinguish that the peak with lower binding energies gains intensity with 
a thicker film of SrAl4. The area under a peak is directly proportional to the amount of 
atoms in the respective chemical environment. This suggests that the peak with higher 
binding energy corresponds to aluminum in an LAO crystal and the peak with lower 
binding energies corresponds to aluminum in a SrAl4 lattice. 
 
Figure 39: XPS spectra of the Al 2p core level of a film of about 40 Å that was 
additionally reacting with air for a few days (lower red curve) and a 160 Å 
film that was germanium capped to prevent reaction with air. The slight shift 
of the SrAl4 peak is probably contributed to this reaction with air. 
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Now we can fit the peaks of the experimental photoelectron spectra with curves that 
consist of a mixture of a Gaussian (70%) and Lorentzian (30%) to identify the respective 
core levels. Due to inelastic scattering of photoelectrons of higher initial energy, the 
peaks will always be overlapped with a background. This background can be 
approximated by a Shirley-function, which is derived from the cross-section-function for 
inelastic scattering of electrons and has the form [79]: 
 
( )     ∫  (  )   
 
 
 (4.5.1) 
, where k is an arbitrary constant. 
 
Figure 40: XPS spectrum of Al 2p core level in a 130 Å thick SrAl4 film on an LAO 
substrate with a fit for the various core levels. 
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As we can see in Figure 40 one can distinguish two types of aluminum in the films. For 
each type of aluminum there will be two different energy levels nlj due to spin-orbit 
coupling: 2p3/2 and 2p1/2. For the purpose of fitting we can restrict a few parameters to the 
peaks. The intensities of the levels will behave as I(2p3/2)/I(2p1/2) = 2/1 due to the 
degeneracy of the total angular momentum. Additionally, the spin-orbit splitting of the 
aluminum 2p level has been well studied and is ΔAl2p = 0.42 eV [80]. Hence the core 
level energies E(element nlj, compound) can be found by averaging over multiple films to 
E(Al 2p3/2, SrAl4) = 72.67 eV and E(Al 2p3/2, LAO) = 74.95 eV. The value of the 
aluminum 2p3/2 level of LAO has been used in all spectra to correct for residual charging 
of the sample as mentioned above. In samples that exhibit charging the whole energy 
spectrum is shifted by the value of the established electric field. Thus we globally shift all 
spectra of charged samples by simply subtracting a certain energy from the measured 
energies such that the Al 2p3/2 peak matches the reference value of E(Al 2p3/2, LAO) = 
74.95 eV. There is a possibility that there is yet another energy level for aluminum. If we 
consider the lattice of SrAl4 (Figure 6) we see that aluminum can be found at two 
different sites. On the one hand, aluminum occupies the 4d site with four nearest 
neighbors (tetrahedral) and on the other hand it also occupies the 4e site with five nearest 
neighbors. This could lead to different core level energies of the different kinds of 
aluminum. However, we are not able to distinguish a second set of core levels in Figure 
40. This may however be due to the resolution of our instrument, which is for all shown 
spectras around 0.5 eV. The peak labeled asymmetry in Figure 40 has to be introduced to 
account for the natural asymmetry of Al-metal peaks. Doniach and Sunjic showed that 
expected line shape for all metals is asymmetric which cannot be accounted for by single 
Gaussian or Lorentzian functions. Of course this asymmetry is also present in the core 
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level of polycrystalline aluminum as shown in Figure 42. Likewise we have to introduce 
a third peak on the high binding energy site to account for the asymmetry. 
The evaluation of the strontium core levels turns out to be a little bit simpler. In Figure 41 
the strontium 3d core levels overlap with a broader peak that is caused by an aluminum 
plasmon [81]. The intensities of the 3d energy levels stand in a ratio of I(2p5/2)/I(2p3/2) = 
3/2 and the spin-orbit splitting of the strontium 3d level is found to be ΔSr3d = 1.79 eV 
[81]. 
 
Figure 41: XPS spectrum of Sr 3d core level in a 130 Å thick SrAl4 film on an LAO 
substrate with a fit for the various core levels and a plasmon due to the 
aluminum in the film. 
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With these restrictions embedded in the fitting algorithms we obtain the 3d core level of 
strontium to be at E(Sr 3d5/2, SrAl4) = 133.44 eV. One has to keep in mind that all these 
energy values are referenced to the Fermi level of the spectrometer and are in this sense 
very case specific and thus not yet suitable to compare with values from different 
materials. 
Additionally we are able to determine the concentration of different elements through the 
spectra in Figure 40 and Figure 41. As mentioned above the area under the peaks is 
proportional to the amount to the photoelectrons of the respective energy level and thus 
the amount of a film constituent in the respective chemical state. Comparing intensities 
we therefore can determine the ratio of elements in a film if we select the correct peaks. 
For the areas to be representative of the amount of material in the irradiated we have to 
correct for the element and instrument specific relative sensitivity factor due to the 
emission properties of elements and the setup of the experiment. It only makes sense to 
compare peaks that result from atoms in the same depth since the intensity is also 
sensitive to the thickness of the material that the electron has to travel through. However 
this method is suitable to determine the Sr:Al ratio in the grown films since we can 
distinguish the aluminum peak resulting from SrAl4. Hence we can use the area 
underneath the peak labeled Al 2p3/2(SrAl4) in Figure 40 and the peak labeled Sr 3d5/2 in 
Figure 41. The respective relative sensitivity factors are found to be RSFAl2p3/2 = 0.234 
and RSFSr3d5/2 = 1.843 [81]. This allows us to calculate the ratio of strontium and 
aluminum in the film shown in Figure 40 and Figure 41 by: 
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Through performing this process for each grown film we were able to adjust the times we 
pulsed the strontium flux to yield a ratio close to Al:Sr ≈ 1:4. As mentioned in 4.2 the 
best result was obtained for 20s no Sr-flux and 19s Sr-flux to the surface during the 
growth process. 
We also carried out XPS measurements on polycrystalline aluminum and strontium to 
obtain reference values for the shift of the binding energies in SrAl4. The respective 
photoelectron spectra are presented in Figure 42 and Figure 43. 
 
Figure 42: XPS spectrum of the Al 2p core level in a 115 Å thick polycrystalline Al film 
on a Si substrate with a fit for the core levels. 
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For this purpose we were using a silicon substrate and deposited 115 Å of aluminum and 
300 Å of strontium at room temperature which yielded a polycrystalline sample for both 
cases according to the RHEED analysis. Since we grew the samples sufficiently thick that 
the XPS spectra showed no features of silicon (penetration depth of escaping electrons is 
approximately: 2 nm – 3 nm [63]) we obtain the core level energies for polycrystalline 
strontium and aluminum to E(Sr 3d5/2, polycrystalline Sr) = 134.28 eV and E(Al 2p3/2, 
polycrystalline Al) = 72.75 eV. 
 
Figure 43: XPS spectrum of the Sr 3d core level in a 300 Å thick polycrystalline Sr film 
on an Si substrate with a fit for the core levels. 
All the above given energies are likewise referenced to the Fermi energy of the detector. 
While measuring, the sample and the detector are connected and grounded. Since the 
system is in equilibrium, the Fermi energies of the sample and the detector are matched. 
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If an electron escapes the sample due to the energy it gains from the incident x-rays it 
overcomes the energy from the core level to the Fermi energy plus the work function 
characteristic for the sample. In a regular measurement the detector compensates for the 
work function through a calibrated factor so that we effectively measure the energy of the 
core level with respect to the Fermi level of the detector (the sample). 
Hence if we want to compare the energies of core levels from different samples 
consisting of different materials, we need to account for the work functions the electrons 
have to overcome (see Figure 44). 
 
Figure 44: Principle of comparing core level measurements. Electrons from the core 
levels of SrAl4 and Al metal have to overcome the energy to the Fermi level, 
which is measured in the detector, plus the work function Φ. 
The work functions for polycrystalline strontium and aluminum metals can be found in 
the literature ΦAl = 4.33 eV [82] and ΦSr = 2.59 eV [46] and these values were also 
validated with our instrument. To obtain the work function for SrAl4, which has not yet 
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been reported, we use UPS instead of XPS due to the increased accuracy for energies 
near the vacuum level. For the creation of suitable photons we use the helium I line of 
plasma generated from the ultra-pure helium gas with the energy of 21.22 eV [46]. 
 
Figure 45: UPS spectra of (a) the full energy range of photoelectrons and (b) the Fermi 
edge with fit for the Fermi function of a 250 Å thick film of SrAl4. 
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In Figure 45 we present the UPS spectra of a 250 Å thick SrAl4 film on a LAO substrate. 
The film was chosen to be of this large thickness to exclude any features in the measured 
density of states originating from the substrate. The shown energy scale is not matched to 
zero energy, meaning zero kinetic energy of an electron reaching the detector, due to the 
above mentioned artificial correction for the work function incorporated in the evaluation 
software. This is why the onset, which should be around the binding energy of Ephoton = 
21.22 eV is found at a lower energy of Eon = 18.37 eV. 
The offset of the UPS spectra has to follow the Fermi-Dirac distribution at room 
temperature of the form [13]: 
 (        )   
 
   (              ⁄ )  
 (4.5.3) 
where Ef is the Fermi energy, kB is the Boltzman constant and A is a factor to compensate 
for the density of states near the Fermi energy. Thus we can obtain a value for the Fermi 
energy by fitting this function to the spectrum obtained in Figure 45 (b) and find Ef = 
0.20 eV. Subsequently we are able to determine the work function of SrAl4 which is 
mainly (001) oriented (see chapter 4.3) by evaluating: 
 
     
             (        )           (4.5.4) 
The value suggests that there is a dominance of Sr-termination on the sample surface, 
judging from the values obtained by DFT calculations (chapter 2.2). 
This also finally enables us to compare the core levels of strontium and aluminum in 
SrAl4 to their bulk values. If we take a look at Figure 44 we need to evaluate: 
 
                                    (                                     ) 
            
(4.5.5) 
                                    (                                     ) (4.5.6) 
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A negative value stands for a shift to lower binding energies. Subsequently we find the 
naïve understanding of the core level shifts of SrAl4 confirmed by the value for 
aluminum. Aluminum shifts to lower binding energies with respect to its polycrystalline 
environment due to electron gain. Strontium on the other hand, shifts to lower binding 
energies as well, although we would expect it to shift to higher binding energies due to 
the donation of electrons. Yet this is not an unexpected behavior of strontium core levels. 
Relaxation effects seem to play an important role in the core level shifts of strontium and 
in the highly ionic compound SrTiO3 the core levels also shift to lower binding energies 
as well [83]. 
Lastly we present the experimentally obtained density of states of the valence band to 
deepen our understanding of the electronic structure and draw conclusions about 
transport properties of the compound. 
In principle, the UPS measurements already provide us with the density of states, 
however the low photon energies introduce a variety of effects to the spectrum and we 
see an overlap of multiple functions often called the joint density of states. XPS is, in this 
sense, a better tool to visualize the density of states of the valence band of a material. In 
Figure 46 (a) we present an XPS measurement on an 80 Å thick film of SrAl4. We 
repeated the measurement multiple times to obtain a higher number of counts and 
eliminate statistical errors since the number of counts at these high electron energies 
(binding energy minus 1486.6 eV) is low in comparison to core level energies owing to 
the increased electron cross section. 
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Figure 46: (a) XPS spectrum of an 80 Å thick SrAl4 film with fit for the density of states; 
(b) DOS of bulk SrAl4 calculated using density functional theory; (c) DOS 
of bulk LAO calculated using density functional theory; (d) DOS of an 
interface between SrAl4 and LAO. All calculations courtesy of Alex Slepko 
We compare the measured spectrum with the density of states obtained through density 
functional calculations (Figure 46 (b), (c), (d)). All calculations are courtesy of Alex 
Slepko. To solve the Kohn-Sham equation we used the plane wave code VASP along 
with PAW pseudo-potentials as implemented in this code. The model system for the 
interface calculations in Figure 46 (d) is shown in Figure 47. A 10 Å thick slab of (001)-
oriented SrAl4 is rotated by 30° relative to a 15 Å thick slab of (001)-oriented LAO. This 
possible interface results in a residual strain of ~4.5%. Although the RHEED analysis 
suggests a different in plane orientation, we can use this model to compare the calculated 
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and experimental density of states. Furthermore the density of states of bulk SrAl4 and 
LAO is shown in Figure 46. 
 
 
Figure 47: Model system used to calculate the density of states for a possible LAO/SrAl4 
interface (red = oxygen, purple, aluminum, blue = lanthanum). The black 
square represents a 2×2 SrAl4 cell, which is matched on the (001) LAO 
surface in the shown way. 
The width of the valence band seems to match in theory and experiment (Figure 46). In 
the XPS spectrum the width of the valence band seems to be around 12 eV, while the 
intensity in between binding energies from 12 eV to 16 eV probably results from inelastic 
scattering. The interface calculation for example yields a valence band width of roughly 
10 eV. There are definitely LAO-features present in the XPS spectrum since we 
identified LAO core levels in the shown sample. This means we have to overlap the DOS 
shown in Figure 46 (b) and (c) to obtain the measured XPS spectrum. We have to keep in 
mind, however, that the LAO-DOS is shifted by a few eV to lower energies in 
comparison to the SrAl4-DOS since LAO is an insulator and the Fermi-energy lies 
somewhere above the valence band. This shift is probably causing the broadness of the 
valence band observed in XPS. The measured XPS spectra will be an overlap between all 
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three DOS shown in Figure 46 (b), (c), and (d) since photoelectrons from both bulk 
materials and the interface reach the detector. One also has to keep in mind that the XPS 
spectrum shows the density of states weighted by transition rates and the resolution might 
not be enough to resolve sharp peaks. Nonetheless we can identify SrAl4 as a metal, 
having a nonzero density of states at the Fermi energy, which will also be validated by 
the non-vanishing electrical conductivity discussed in the next chapter. 
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4.6. TRANSPORT PROPERTIES  
 
For transport measurements in the van der Pauw geometry we grow a sample according 
to the process described in chapter 4.2. We grow the SrAl4 film for 6 hours, which should 
correspond to an aluminide thickness of 73.3 nm. However, as we have seen in chapter 
4.4, this thickness is not uniform. Since LAO is an insulator we only measure the 
transport properties of SrAl4 with the geometry described in chapter 3.5. 
 
Figure 48: Resistivity of a 73.3nm thick film of SrAl4 as a function of temperature. 
The resistivity, calculated with formula (3.5.1), is presented in Figure 48 over the 
temperature range from 2.4 K to 275 K. As we can see in Figure 7, SrAl4 has a relatively 
low density of states around the Fermi level. We therefore expect high resistivity values 
in comparison to bulk copper for example (ρ
   C 
( 7   )              [48]) and in fact 
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the room temperature value of ρ
        
( 7   )              are similar to values 
reported for antimony ρ
     
( 7   )            or barium ρ
     
( 7   )            
both being “bad” conductors [48]. It needs to be noted that a possible source for errors in 
the calculation of the resistivity is the uncertainty of thickness. As mentioned above, the 
thickness is likely to vary greatly across the surface of the sample despite the long growth 
time. However, samples with a less thick aluminide film yield comparable values for the 
electrical resistivity and since the presented sample is reasonably thick we hope to 
minimize the uncertainty in thickness. The fact that the film has a finite conductivity also 
suggests that there is a continuous film of SrAl4 present at the surface. This would 
indicate that instead of a Volmer-Weber growth mode the samples are grown in the 
Stranski-Krastanov growth mode with continuous layers underneath the islands. Yet it is 
probably more likely that through the sheer amount of deposited material the film covers 
the whole sample despite the island structure. 
Worth noting is the temperature dependence in Figure 48 in the low temperature regime, 
which is not typical for a metal. As we expect the resistivity drops linearly with 
temperature while around 75 K it follows some exponential temperature law. Usually the 
resistance tends to a constant value for temperatures close to 0 K. However as we can see 
in Figure 48 the resistivity starts to increase again after having a minimum around 10 K. 
It has yet be to determined what causes this minimum in resistivity, which is subject to 
further theoretical and experimental investigations not part of this thesis. 
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Figure 49: Carrier density of a 73.3nm thick film of SrAl4 in dependence of the 
temperature. 
Using the Hall geometry discussed in the experimental techniques chapter we can also 
determine the carrier density of SrAl4. We measured the course of the transverse 
resistivity while varying the magnetic field at temperatures between 2.4 K and 250 K and 
can subsequently determine the carrier density of SrAl4 using formula (3.5.2), which is 
presented in Figure 49. The room temperature value of       (     )          
       is 
hereby close to the ones of for example barium    (     )          
       or strontium 
   (     )          
       [48]. The value that we can deduce from the DFT density of 
states by integrating over the valence band around the Fermi-edge is roughly 
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      . The discrepancy between the theoretical and experimental value 
still needs further investigation. Using (3.5.3) we can furthermore determine the mobility 
shown in Figure 50. Likewise these values range in an area typical for metals. 
 
Figure 50: Mobility a 73.3nm thick film of SrAl4 in dependence of the temperature. 
Lastly, in Figure 51 we present a measurement of the longitudinal resistance as a function 
of the magnetic field to investigate the magnetoresistance of SrAl4. In a free electron with 
collisions picture electrons in the aluminide film are influenced by the magnetic field 
perpendicular to their direction and move in spirals. That in turn has an impact on the 
resistance perpendicular to the magnetic field. Furthermore in metals interaction terms of 
conducting electrons are usually not perturbed by a magnetic field. Hence the spiral paths 
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lead to an increase of the resistance with increasing magnetic field. The curvature follows 
a B
2
 dependence which is an observed behavior for most metals [84]. 
 
Figure 51: Longitudinal resistance of a 73.3nm thick film of SrAl4 as a function of the 
magnetic field. 
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5. Summary 
 
Our studies of the Zintl phase SrAl4 provide a broad overview of the properties of this 
material and clarify the mechanisms that could be exploited to use a thin film of it as a 
wetting interlayer between a semiconductor and an oxide. 
Using molecular beam epitaxy we grow single crystalline, (001)-oriented SrAl4 on a 
(100)-oriented LaAlO3 substrate. Prior to growth we anneal the LAO substrate for 15 
minutes at 700ºC and the surface is 1×1 reconstructed. The orientations are confirmed by 
RHEED and XRD and the in-plane film lattice constants show that the SrAl4 film is 
unstrained. Judging by all characterization methods films with best crystallinity are 
achieved with a substrate temperature of 400ºC during growth, while we maintain a 
constant aluminum flux and pulse the strontium flux. The fluxes are hereby calibrated to 
match each other and we produce 19 seconds of strontium flux every 39 seconds. The 
pulsed growing process also favors the layered structure of SrAl4 rather than any other 
line compounds of the Sr-Al-system. Additionally, we can deduce that the sticking 
coefficients of the materials behave as Sr:Al = 1:2 based on the resulting film 
stoichiometry. 
In situ RHEED indicates that the growing film consists of islands of considerable size, 
which is confirmed by AFM and TEM. In fact, we can confirm the presence of the 
Volmer-Weber growth mode with an island size in the 0.2 µm range. TEM confirms the 
single-crystalline structure of the islands in epitaxial registry to the film, which show 
however at least two in-plane orientations. The RHEED images suggest that one of those 
orientations is the matching of the <110>-directions of SrAl4 and LAO and the other is 
the matching of the <100> direction of SrAl4 to the <110> direction of LAO. Nonetheless 
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there are spots visible on AFM images that are not covered by the film, at least up to a 
film thickness of 30 nm. This indicates that wetting may not be fully achieved for thin 
layers. It is of course possible that different crystalline oxides are more suitable as 
substrates that guarantee wetting of single crystalline SrAl4. We tested STO as another 
possible substrate but all attempts resulted in amorphous films 
The Volmer-Weber growth mode does not prevent us to measure several bulk properties 
of SrAl4 that have not been reported so far to the best of our knowledge and to investigate 
the Zintl-Klemm character of the compound. We report the work function of SrAl4 in the 
(001)-direction to be ΦSrAl4 = 3.05 eV as measured by UPS. This value agrees with the 
energy range for the work function calculated using DFT and indicates a strontium rich 
surface. Additionally we are able to report the core level energies of strontium 3d5/2 and 
aluminum 2p3/2 in SrAl4 with respect to the Fermi level to be E(Al 2p3/2, SrAl4) = 72.67 
eV and E(Sr 3d5/2, SrAl4) = 133.44 eV. Subsequently the chemical core-level-shift in 
comparison to bulk values can be determined to be ΔAl = -1.36 eV and ΔSr = -0.38 eV. 
The negative value stands for a shift to lower binding energies. This can be interpreted as 
a confirmation of our understanding of SrAl4 as a Zintl-phase: strontium donates 
electrons to aluminum, which assumes at least partly a structure with four nearest 
neighbors. The electron transfer affects the binding energies of electrons in core levels 
due to Coulomb interaction. The increased number of electrons occupying energy levels 
of aluminum leads to a general decrease of binding energy. In strontium however we 
would expect a shift to higher binding energies due to the donation of electrons. Yet, it 
should be noted that this is not an unusual behavior of strontium and there are other 
effects responsible for the chemical shifts in addition to electron transfer. The 
experimentally measured electronic density of states resembles that found through DFT 
calculations especially if we consider an overlap of the LAO and SrAl4 DOS. 
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Lastly we report several transport properties of a 73 nm thick SrAl4-film in a temperature 
interval form 2.4 K to 300 K. Values of the resistivity, the carrier density and the 
mobility at 250 K are ρ
        
(     )             ,       (     )          
       and 
 
     
(     )                . As expected by the density of states around the Fermi 
level, these values confirm the metallic character of SrAl4, yet with a low conductivity. 
Also the measured magnetoresistive effect shows a positive B
2
-dependency, as expected 
for metals. There is an interesting behavior for the resistivity at low temperatures, 
showing a minimum around 10 K. This phenomenon however needs further 
investigation. 
Overall, the conducted experiments show that SrAl4 behaves in every sense of the term as 
a Zintl phase. 
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